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Block copolymers have been subject of tremendous research interest owing to
their capability of undergoing self-assembly which allows them to tailor their
electrical, optical, and mechanical properties. Statistical mechanics of flexi-
ble block copolymers is well understood. However, there are many unresolved
issues with confinement of block copolymers as well as structure formation
in block copolymers having non-flexible polymer blocks. We develop mean
field theory models to address the issues arising in thermodynamics of such
complex block copolymers. Also, we develop theoretical formalisms to under-
stand the link between morphology and macroscopic properties in these block
copolymers.
vi
We study the stability and ordering in thin films of flexible diblock
copolymer in the presence of compressible solvent using a combined polymer
mean field theory and lattice gas model for binary fluid mixtures. We utilize
mean field theory model to understand the self-assembly behavior in side-chain
liquid crystalline block copolymers which involve interplay between microphase
separation and liquid crystalline ordering of side chain mesogenic units.
We extend the field theoretic models for block copolymer to account for
self-assembly in semicrystalline block copolymers. The semicrystalline chain
is modeled as a semiflexible chain having non-bonded attractions between par-
allel bonds. We characterize the structure formation in such block copolymers
as a function of the rigidity of the semicrystalline chain. Then we extend the
formalism to study semicrystalline triblock and pentablock copolymers and
evaluate bridging fractions in different sequences of semicrystalline multiblock
copolymers.
Rod-coil block copolymers have a flexible polymer covalently linked to
rigid polymer. Such polymers have potential applications as organic LEDs
and photovoltaic devices. We study the self-assembly of such block copolymer
under confinement. To make these block copolymers viable as photovoltaic
devices, we performed the photovoltaic modeling of devices based on self-
assembly of block copolymers. We characterize the interplay between self-
assembly and anisotropy of charge transport (arising due to rigid polymer
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Block copolymers have attracted tremendous attention due to their capability
to self-assemble which allows for tailoring of their mechanical, electrical, bar-
rier, optical, and other physical properties [1, 4, 5, 6]. They are found to be
important for technologies like adhesives, additives, lithography, thermoplas-
tic elastomers, and recently organic electronic devices. The simplest and most
studied block copolymer is flexible AB diblock copolymer, whose thermody-
namics is well understood both theoretically and experimentally [1, 5, 6]. In
Fig. 1.1, the theoretical and experimental phase diagram of flexible diblock
copolymer is shown. The final microstructure is determined by the volume
fraction of one of the monomers (f), and the incompatibility between the two
blocks governed by the product χN , where χ denotes the Flory-Huggins in-
teraction parameter and N the overall degree of polymerization (χ ∝ 1/T ,
where T denotes the temperature) [1, 5]. Depending on these two parameters,
the diblock copolymer self-assembles to form microstructures such as lamellar,
cylindrical, spherical, gyroid etc. The final morphology is governed by the bal-
ance between the incompatibility between two blocks and the conformational
entropy of the two chains.
1
Figure 1.1: (a) Theoretical and (b) Experimental phase diagrams of flexible
diblock copolymers. Thermodynamics is characterized by two parameters -
product of Flory-Huggins interaction parameter and degree of polymerization
(χN), and volume fraction of one of the blocks (f). Adapted from Ref. [1].
2
The self-assembly of multiblock copolymers and block copolymers with
rigid blocks is significantly more complex than flexible counterparts. There
has been lot of interest in studying block copolymers with rigid rod-like blocks
either attached in the main chain (rod-coil block copolymers) [7, 8] or grafted
as side chains to flexible block copolymers (side chain liquid crystalline poly-
mers) [9, 10]. The self-assembly of such complex polymers is expected to be
much more richer due to the interplay of the microphase separation and the
liquid crystalline ordering between rod-like units [8]. Such block copolymers
have potential applications in the area of organic electronics, namely electro-
optical devices, organic LEDs, and organic photovoltaic devices. To make
these technologies viable, it is necessary to understand the self-assembly in
such polymers as well have the ability to predict how a given structure affects
its final properties.
Another set of technologically important block copolymers are semicrys-
talline multiblock copolymers which have shown great potential as thermoplas-
tic elastomers [11]. In such polymers, a crystallizable polymer is attached to
flexible (or amorphous) polymer to allow tailoring of mechanical properties
such as toughness of the polymer. Self-assembly in such polymers is char-
acterized by complex interplay between microphase separation between the
different blocks and crystallization of one of the blocks [12, 13]. Understand-
ing how these different phenomena interact with one another to determine
the final morphology is important. These three examples of block copolymers
which involve non-flexible blocks are schematically represented in Fig. 1.2.
3
Rod – Coil Block Copolymer
Side Chain Liquid Crystalline Block Copolymer
Semicrystalline Diblock Copolymer
Figure 1.2: Schematics of rod-coil block copolymer, side-chain liquid crys-
talline block copolymer, and semicrystalline diblock copolymer.
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Self-assembly in all these three categories of block copolymers will be consid-
ered in this thesis.
Another crucial factor which can potentially impact the morphology of
block copolymers is the presence of confining surfaces [14, 15, 16]. In such
cases, thermodynamics of polymers is influenced both by the nature of the
confining surfaces, as well as the thickness of the polymer film. As seen from
above examples, it is clear that from both technological as well as fundamental
viewpoint it is necessary to understand how these complex phenomena such as
crystallization, liquid crystalline ordering, microphase separation, and surface
ordering interplay with one another to determine the phase behavior of these
complex polymers.
One of the important objectives of this thesis to develop theoretical
frameworks which would enable us to understand the complex self-assembly
in such block copolymers. Computational modeling has emerged as impor-
tant tool in predicting the structure and properties of complex fluids such as
polymers, colloids, and biological materials [17]. Fully atomistic methods (like
Molecular Dynamics) are computationally expensive to understand the equi-
librium phase behavior of such types of block copolymers [18]. Field theoretic
based models have been successfully utilized to predict the equilibrium phase
behavior of melts and solutions of flexible block copolymers in bulk and under
confinement [17, 18]. We will be utilizing self-consistent field theory (SCFT)
framework to develop theoretical models to understand the phase behavior
in some of these technologically important polymers, for which the present
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understanding is limited.
The second important objective of my thesis to provide theoretical
frameworks in some of the above systems which help us in correlating their
nanoscale structure to their final macroscopic properties (mechanical, electri-
cal etc). There is a need to understand the structure-property link in these
polymers to make them technologically viable. Computational modeling can
play a huge role in understanding the structure-property link in these sys-
tems [19, 20]. Mechanical properties of semicrystalline multiblock copolymers
are dependent on the crystallinity of one of the blocks, overall block architec-
ture, and other molecular parameters [11, 21]. Another important example
is the role of microstructure in semiconducting rod-coil block copolymers in
determining its photovoltaic efficiency. In both these systems, we attempt to
develop appropriate theoretical models to understand the structure-property
link in order to optimize the material performance. We discuss these interest-
ing problems in the next subsections, where the overall goals of this thesis are
further elucidated.
1.1 Predicting Self-Assembly in Complex Block
Copolymers
In this section, we discuss the different systems of block copolymers that were
studied in this thesis. We illustrate in some detail the motivation behind
studying each of these systems and our approach to understand the thermo-
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dynamics of these complex systems. In this part of thesis, we seek to improve
our understanding of fundamental phenomena like microphase separation, liq-
uid crystalline ordering, polymer crystallization, and interfacial effects and
how they interplay with each other to determine the overall phase behavior.
1.1.1 Block Copolymer Thin Films in Presence of Com-
pressible Solvent
Block copolymer thin films have tremendous applications in the areas of lithog-
raphy, coating, and templates. The overall stability and ordering within block
copolymer films is determined by the nature of confining surfaces and the thick-
ness of the film [22]. Recently, there has been significant attention directed
towards utilization of “benign” solvent like supercritical CO2 (a compressible
solvent) for polymer processing [14, 23, 24]. In the case of diblock copolymer
bulk systems which exhibit upper critical order-disorder temperature behavior
(UODT, i.e. order upon cooling), the compressible solvent has been shown
to screen the unfavorable interactions between the two blocks, resulting in
lowering the temperature needed for microphase separation. However, exper-
iments of Arceo and Green [14] have demonstrated the opposite effect in free
standing films of flexible diblock copolymer (PS-b-PMMA), i.e. the UODT is
significantly enhanced with respect to the bulk.
Computational modeling can provide an insight into this seemingly con-
tradictory phase behavior of thin films of block copolymers in the presence of
the compressible solvent. Previous mean field theory models considered cases
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where block copolymer was confined between two hard surfaces [16, 25]. How-
ever, to truly understand the phase behavior and stability of free standing thin
films in presence of a solvent, one needs to have a model for supported thin
films (or free standing films) [26]. In Chapter. 2, we show how we developed
a novel model to treat supported thin films of block copolymers in presence
of compressible solvent. Using a free energy framework, we were able to char-
acterize the stability and various ordering transitions in thin films of block
copolymers in a compressible solvent environment and compare the results
with bulk phase behavior [27].
1.1.2 Side Chain Liquid Crystalline Block Copolymers
Liquid crystalline polymers (LCP) are a special class of polymers possessing
mesogenic units capable of orientational ordering in addition to morphologi-
cal assembly. Such polymers have attracted significant attention in view of
their potential applications in electrooptical display devices and high strength
fibers [28]. Side-chain liquid crystalline block copolymers are unique class of
liquid crystalline polymers consisting of side chain mesogenic units grafted typ-
ically through alkyl spacers on a flexible backbone [29]. Several experimental
groups have studied the phase behavior and properties of side chain liquid
crystalline block copolymers [29, 30, 31]. Such block copolymers have been
touted to have potential applications in industrial electooptical and display
applications because of their capability to form microphase separated struc-
tures. Conventional devices suffer from two drawbacks - maintaining constant
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cell thickness and maintaining the orientations of mesogens throughout the
device. Block copolymer structure can alleviate both the issues. Block copoly-
mer microstructure provides constant cell thickness and it also stabilizes the
mesogen ordering and provides structural integrity [29].
Side-chain LC block copolymers exhibit rich self-assembly characteris-
tics that manifest an interplay between the backbone flexible block copoly-
mer ordering and liquid crystalline ordering between side chain mesogenic
units. The morphologies are similar to that of flexible block copolymer in
addition of smectic orientational ordering confined between block copolymer
mesophases [29, 30, 31]. In contrast to the significant theoretical developments
accompanying self-assembly in flexible block copolymers, methods and models
for predicting the self-assembly behavior of side chain liquid crystalline block
copolymers are very limited. Applying Monte Carlo and Molecular Dynam-
ics methods for this polymers would be extremely computationally expensive.
Modeling the phase behavior of this polymer is complex on two accounts -
(i) how does self-assembly of diblock copolymer backbone influence the LC
ordering in side chains, and (ii) how does orientational ordering in side chains
affect the phase behavior of block copolymers? We propose a combined study
based on self-consistent mean field theory (SCFT) and strong segregation the-
ory (SST) to understand the self-assembly characteristics of side chain liquid
crystalline (SCLC) block copolymers. As we show in Chapter. 3, our SCFT
model takes into account how liquid crystalline ordering and microphase sep-
aration interplay with each other to determine the final phase behavior. The
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strong segregation theory is utilized to provide rationalizations for the results
provided by SCFT numerical simulations.
1.1.3 Semicrystalline Block Copolymers
Crystallizing one of the components of the block copolymer leads to profound
changes in the structure of the block copolymer [6]. There has been enormous
research activity on semi-crystalline diblock copolymers on the experimen-
tal side [32, 33, 34, 35]. It is observed that combining two self-organizing
mechanisms, such as crystallization and microphase separation, into a single
polymer can lead to extremely rich morphological richness and kinetic com-
plexities. However, unlike the crystalline homopolymers, where the final mor-
phology is dependent on the kinetic pathway, in the case of semi-crystalline
block copolymer, equilibrium considerations play a major role in deciding the
final morphology [34]. Understanding self-assembly in semicrystalline block
copolymer is essential to make them useful for thermoplastic elastomeric ap-
plications [36, 37].
There is no comprehensive theory for crystallization in block copolymers
that can account for the configuration of the crystallites inside mesophases,
i.e. both the extent of folding and the nature of orientation with respect to
interface, as well account for non-lamellar phases observed in the experiments
[12]. The earliest theoretical models were based on scaling analysis or mean
field theory to determine the amorphous and the crystalline domain thickness
as a function of the degree of polymerization [38, 39, 40].
10
We model semicrystalline diblock copolymers as combination of flexible
rubbery unit linked to a crystalline unit, which is modeled as a semiflexible
chain with a temperature dependent rigidity and orientational interactions
between parallel bonds [21]. The model proposed for crystalline chain is in
line with ideas proposed by Flory [41] and recently adapted by Frenkel and
coworkers [42, 43]. We show in Chapter. 4 how our model is able to predict
structure formation in semicrystalline diblock copolymer and how our results
compare with previous theories and experimental results.
1.1.4 Thin Films of Rod-Coil Block Copolymers
Self-assembly of rod-coil block copolymers is gaining attention due to potential
applications in organic electronic devices [2, 7, 8]. Theory and experiments
have suggested an extremely rich morphological phase behavior due to inter-
play between microphase separation and liquid crystalline ordering within the
conjugated rod block [44, 7, 8]. Unlike the case of flexible diblock copolymer,
the rigid nature of one of the block dictates the phase behavior and domain
size in rod-coil block copolymers.
For applications in organic electronic devices, these polymers need to
be patterned onto thin films [2, 45, 46]. So it is important to study the effect
of confinement and surface interactions on rod-coil block copolymers phase
behavior. Confined thin film of rod-coil block copolymers is an extremely
constrained system [47]. There are additional complications due to the rigid
nature of the rod like block and hard confining surfaces. If the thickness of
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the film is incommensurate with bulk domain spacing, this can lead to change
in domain spacing or the orientation might get flipped to form perpendicular
lamellae [45, 47]. Also the orientation of the rod block with respect to lamellar
interface can change under confinement. In free standing films of rod-coil block
copolymers, it has been observed that on increasing the thickness of the film,
the amount of perpendicular lamellae in the thin film increase [45]. To under-
stand these effect and obtain the optimal morphologies for photovoltaic devices
(Refer Section. 1.2.2), we extend the field theoretic formalism of Pryamitsyn
and Ganesan [8] to account for confinement and surface preference effects. We
analyze how the morphologies and orientation of rod-like units shift from the
bulk.
1.2 Computational Modeling of Structure-Property
Relationship in Block Copolymers
Tuning structure property relationships in block copolymers is an important
step towards making them technologically viable. Computational modeling
can play a significant role in complementing experiments in order to opti-
mize the morphologies of a particular type of polymer for desired macroscopic
properties. In the following two subsections, we describe our proposals for op-
timizing the morphologies of semicrystalline multiblock copolymers and rod-
coil block copolymers to improve their mechanical and photovoltaic properties
respectively.
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1.2.1 Mechanical Properties of Semicrystalline Multi-
block Copolymers
Conventional thermoplastic elastomeric block copolymers, such as poly-(styrene-
b-butadiene-b-styrene) (SBS), poly(styrene-b-isoprene-b-styrene) (SIS) etc. typ-
ically use microphase separated morphologies in which the glassy hard blocks
which act as crosslinks for the soft rubbery blocks. This arrangement leads
to the high levels of elasticity and toughness desired of thermoplastics for ap-
plications [48, 49, 50]. The more recent developments aim to mimic such
characteristics in multiblock copolymers by either linking crystalline poly-
olefinic end blocks to soft polyolefinic middle blocks [51, 37] or by linking
brittle glassy hydrogenated polystyrene blocks to softer crystalline polyethy-
lene blocks [48, 11, 52]. These newer class of materials have been reported to
have low Young’s moduli, large strains at break, and excellent elastic recov-
ery properties rivalling even commercial thermoplastic elastomers [51]. Many
experimental studies have clearly shown that there is a strong correlation be-
tween the chain conformations of multiblock copolymers and their mechanical
properties and modes of material failure. It has been shown that mechan-
ical toughness is directly linked to bridging conformations in these copoly-
mers [53]. For instance, experiments studying PCHE(C)-PE(E) multiblock
copolymers have shown that the failure mode changes from a brittle to duc-
tile upon changing the architecture from a triblock copolymer (which contains
“bridged” planes only in the E domains) to pentablock copolymers (which
contains “bridged” planes in both E and C domains) [48, 52]. In addition,
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a recent study by Phatak and coworkers found that irrespective of the chain
architecture of these multiblock copolymers, a universal correlation can be
established between the tensile strength of the material and the fraction of
bridging in semicrystalline E domains [11].
There have been several prior theoretical studies quantifying the differ-
ent chain conformations in microphase separated phases of flexible multiblock
copolymers utilizing mean field theories [19, 54]. While much of the above
studies have focused on the case of flexible multiblock copolymers, to our
knowledge, none of the prior theoretical studies have explicitly addressed the
issues of bridging and looping conformations in the more experimentally rel-
evant system of semicrystalline multiblock copolymers. The ability of one
(or more) of the blocks to crystallize and fold is expected to significantly im-
pact the quantitative details pertaining to the fraction of bridges and loops.
We extend the model developed for semicrystalline diblock copolymer (Sec-
tion. 1.1.3) for multiblock (triblock and pentablock) copolymers and correlate
the architecture and crystallinity of one of the blocks with the amount of
bridging fractions in different domains of these multiblock copolymers.
1.2.2 Morphology-Property Correlations in Rod-Coil Block
Copolymers for Photovoltaic Applications
Photovoltaics or solar cells are being increasingly seen as important candidates
for source of renewable energy. Organic solar cells are gaining popularity since
they are relatively inexpensive and can be fabricated onto flexible substrates
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over high surfaces areas using high throughput solution processing techniques
[55, 56]. However presently the efficiencies of polymer solar cells are lower than
conventional devices, and hence there is a need to understand the relationship
between microstructure of polymeric devices and their final properties in order
to design efficient polymer photovoltaic devices. It has been shown that having
a microphase separated structure (or heterojunction) significantly improves the
photovoltaic efficiency in polymeric devices [2, 55, 57].
One interesting system which have the potential to provide a ordered
heterojunction structure for photovoltaic devices are the semiconducting block
copolymers [2, 58, 59, 60]. Block copolymers are capable of undergoing self-
assembly at the length scale of ∼ 10 nm [5]. The rigid rod-like conjugated
polymer (donor) is covalently linked to a flexible block which is functionalized
by fullerene (C60) molecules which act as transport media for electrons [2]. It
was shown that the donor-acceptor block copolymer showed enhanced photo-
voltaic efficiency relative to blend if its individual polymers (Refer Fig. 1.3)
[2, 59]. The efficiencies are still on the lower side and there is a need to optimize
the conjugate polymer (rod)-coil block copolymer to obtain better properties.
Computational modeling is a powerful tool to study both the self-assembly of
block copolymers as well as providing insights into the device physics of poly-
meric devices. Drift-diffusion models have been utilized earlier to study the
photovoltaic properties of bilayer device [61], bulk heterojunction [62], and
flexible block copolymers [58]. We build upon these models to understand
the effect of self-assembly in rod-coil block copolymers on their photovoltaic
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Figure 1.3: Current-voltage characteristics of donor-acceptor block copolymer
(B) compared that with blend (A) of donor and acceptor. Both the short
circuit current JSC , and open circuit voltage VOC are higher for the block
copolymer as compared to the blend. (Adapted from Ref. [2])
properties. The goal is to optimize the self-assembly in thin films of rod-coil
block copolymers to obtain high values of photovoltaic efficiencies. The mor-
phologies of rod-coil block copolymers under confinement are obtained using
self-consistent field theory as described in the previous section (Section. 1.1.4)
[17, 18, 8]. Another major improvement in our model is that we consider
the effect of anisotropic nature of the conjugate polymer on the mobility of
charge carrier and exciton diffusivity. We relate the mobility of charge carriers
to density of the two species and to the orientational ordering in conjugate
rod molecules. The final photovoltaic properties depend upon the interplay of
density inhomogeneities and anisotropic charge transport.
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1.3 Thesis Organization
Chapter 2: Block Copolymer Thin Films in the Presence of Com-
pressible Solvents [27]
In Chapter 2, we provide a theoretical framework to understand the
role of compressible solvents like supercritical CO2 on ordering and stability
of symmetric diblock copolymer thin films. We combine a simple lattice-gas
model for binary fluid mixtures to model compressible solvent and polymer
mean field theory for block copolymer melts to study the stability of diblock
copolymer thin films. Unlike previous models [25, 16] which consider physi-
cally confined thin films, we study the more experimentally relevant system of
“supported” thin films in a bath of compressible fluid environment. Using a
free energy analysis, we obtain the stable and unstable thicknesses for given
solvent conditions. We study the onset of instability (dewetting of film into
layered phases) in thin films as a function of solvent conditions and character-
ize it as Layered Dewetting Transition (LDT) [27]. Our results indicate the
role of interplay of confinement, the compressibility of solvent, and its selectiv-
ity towards one block on ordering and stability of block copolymer thin films.
Our simulation results can explain the contradictory phase behavior of diblock
copolymer in bulk vs. thin film in presence of a compressible solvent.
Chapter 3: Side Chain Liquid Crystalline Block Copolymers [10]
In this Chapter, we focus on developing theoretical models to under-
stand the phase behavior and thermodynamics of side chain liquid crystalline
block copolymers. Our model is based on self-consistent field theory (SCFT)
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and we complement it with strong segregation theory (SST) to characterize the
self assembly process in this class of complex polymers. Our model considers a
micromechanical representation of flexible coil-coil block copolymers with rod-
like units grafted to one of the blocks. Our model elucidates how microphase
separation and liquid crystalline ordering interplay with each another to de-
termine the final morphological structure. The morphological phase diagrams
derived in this chapter are qualitatively consistent with the reported experi-
mental results. We study the role of molecular weight of polymer, length of
rodlike units, relative volume fractions of each block, and the energetic and ori-
entational interaction on the self-assembly process. We utilize the SST model
to provide a physical explanation for understanding our numerical simulation
results.
Chapter 4: Mechanical Properties of Semicrystalline Multiblock
Copolymers [21] To study structure development in semicrystalline diblock
copolymer, we utilized a model based in self-consistent field theory to evaluate
the phase behavior. Our model treats the flexible chain as Gaussian chain,
and the crystalline chain as a semiflexible chain with temperature dependent
rigidity and orientational interactions between parallel bonds in order to mimic
crystallization in rigid chains. We obtain that rigidity of chain of one of the
blocks can significantly change domain spacing as compared to flexible coil-
coil diblock copolymers. We show scaling arguments to justify our numerical
results on domain scaling as a function of crystallinity (rigidity) and compare
the scaling analysis with previous theories and experimental results.
18
Extending the SCFT framework developed for semicrystalline diblock
copolymers, we study structure development in various architectures (ABA,
BAB, ABABA, BABAB) of semicrystalline triblock and pentablock copoly-
mers. where A is the flexible block and B is the crystalline block. We utilize
SCFT to evaluate the bridging fractions in various domains of these multi-
block copolymers. The impact of crystallinity (rigidity) of one of the blocks
and the sequence of multiblock copolymers on the bridging fractions is eval-
uated. Based on these numerical simulations, we can provide a strategy to
optimize the toughness in such materials.
Chapter 5: Thin Films of Rod-Coil Block Copolymers In this Chapter,
we extend the formalism of Prymatisyn et al. [8] to study the self-assembly
mechanism in thin films of rod-coil block copolymers. We study the role of
confining surfaces and thickness of film on the morphology of block copolymer
and the orientation of rigid rod units. The phase behavior is compared with
respect to bulk behavior of rod-coil block copolymers. We also research the
nature of surface potentials and the different types of boundary conditions
under the SCFT framework required to study the transition between parallel
lamellae and perpendicular lamellae.
Chapter 6: Morphology Property Correlations of Rod-Coil Block
Copolymers for Photovoltaic Applications We utilize the thin film mor-
phologies obtained for rod-coil block copolymers (from Chapter 5) to study
their photovoltaic properties. The charge carrier mobilities and exciton mo-
bility are intricately linked to the density variations of rod and coil blocks and
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also to the orientational ordering of the conjugated rod block. We present
a generalization of drift-diffusion model to allow for potential anisotropy in
charge and exciton transport. We study the role of nature of morphology, the
domain size, domain orientation, degree of phase separation, and anisotropic
charge transport on eventual photovoltaic properties. We provide guidelines
to optimize the self-assembly in confined films of rod-coil block copolymers to
obtain high values of photovoltaic current in such devices.
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Chapter 2
Block Copolymer Thin Films in
Presence of Compressible Solvents
2.1 Introduction
Thermodynamics of block copolymer systems have been the subject of ex-
tensive studies from both technological as well as fundamental viewpoints
[5]. For A-b-B diblock copolymers, the self-assembly behavior has been well-
characterized and is determined by the fraction of A monomers (f), and by
the incompatibility of the different blocks, quantified by χABN , where χAB de-
notes the Flory-Huggins interaction parameter between A and B blocks and N
the degree of polymerization (χAB ∝ 1/T , where T denotes the temperature)
[5]. Below the temperature corresponding to order-disorder transition (ODT),
diblock copolymers phase separate into ordered structures consisting of A-rich
and B-rich phases [5]. The influence of a variety of external conditions on the
phase morphology of diblock copolymers have also been studied. Addition of
good or neutral solvents to block copolymers have been shown to reduce the
ODT, an effect rationalized as due to the dilution of the A-B contacts [63, 64].
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The influence of confining surfaces has also been studied, for which the phase
morphology of block copolymer melts have been shown to be influenced by
both the interactions with the confining surfaces and the thickness of the film
[65, 15, 14, 25, 66].
Recently, significant attention has been directed towards the use of com-
pressible solvent media such as supercritical CO2 as an environmentally benign
option for polymer synthesis and processing [67, 23, 24]. A unique feature of
such fluids is that the solvent density and its “quality” for the polymer can be
varied by changes in compressibility resulting from external conditions such
as pressure and temperature [68]. In diblock copolymer systems which exhibit
an upper critical order-disorder temperature (UODT, i.e. order upon cooling),
the solvent has been shown to screen the unfavorable enthalpic interactions be-
tween dissimilar polymer segments, reducing the ODT and leading to a phase
mixing of the system [23, 24]. In the systems which exhibit a lower disorder-
order temperature (LDOT, i.e. order upon heating), compressible solvents
have been demonstrated to change the ODT significantly due to a differential
dilation of the copolymer segments [23].
The present work was motivated by recent experimental observations by
Arceo et al. [14] which demonstrated that in the presence of compressible, su-
percritical CO2, the ODT of thin films of the diblock copolymer PS-b-PMMA
(a UODT system) is enhanced significantly relative to the bulk ODT. At a
given value of χABN , for which the bulk system was in the disordered phase,
they observed that the thin film broke up into a terraced morphology with a
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second layer of finite thickness supported on a brush layer on the substrate.
They equated the formation of such a terraced topography of islands and holes
as a lowering of the ODT of thin films relative to bulk. To understand the
mechanisms governing these observations, in this work we examine the hypoth-
esis that under confinement, the compressibility of the solvent can interplay
strongly with other influences such as the solvent selectivity leading to nontriv-
ial changes in stability of thin films. With this motivation, in this chapter we
use a numerical mean-field approach to study the onset of instability (dewet-
ting of film into layered phases) in thin (confined) polymer films supported
on neutrally selective substrate in the presence of a selective, compressible
solvent. We term this instability temperature in block copolymer thin films
as “layered dewetting temperature (LDT)” (to distinguish from ODT, a term
synonymous with a sharp ordering transition). We specifically consider only
the case of a symmetric diblock copolymer, and use a one-dimensional calcu-
lation to probe the stability in thin film systems and onset of formation of
parallel lamellar phases in the bulk systems.
2.2 Description of Theoretical Framework
A novel theoretical approach is utilized to study the phase and stability behav-
ior of block copolymer thin films in presence of compressible solvent. Unlike
many previous studies considering phase behavior in physically “confined”
systems, [25, 16] our framework considers a model of the more realistic “sup-
ported film” of diblock copolymers in a bath of compressible fluid environment
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[69]. We consider a mixture of diblock copolymers and a compressible solvent
in a semi-infinite system, where the solvent is a poor solvent for the copoly-
mer (and hence they phase separate), and the copolymer units have attractive
interactions with the substrate (and hence they segregate towards the sub-
strate). These characteristics mimic very closely the experimental situation of
Arceo et al., [14] where they studied phase behavior of PS-b-PMMA diblock
copolymer film in the presence of supercritical CO2, which is a poor solvent for
both the blocks. In addition, CO2 has a preferential interactions with one of
the blocks (PMMA), an effect incorporated by introducing a relative solvent
selectivity for one of the blocks. Our system differs slightly from the experi-
ments of Arceo et al., in that the experimental conditions involved a substrate
which had preferential interactions with one of the components. In contrast,
to minimize the number of parameters in our model, we limit ourselves to the
situation where the substrate is symmetric with respect to its interactions with
the blocks.
2.2.1 Model for Compressible Solvent
The solvent phase is assumed to be compressible, and its equation of state
is modeled using an incompressible, binary solvent-void mixture, where the
volume fraction of the solvent varies in response to the external pressure. We
use a lattice-gas model for the binary solvent(S)-void(V) mixture with the in-
compatibility between them denoted as χSV [70, 71]. This model has a simple
analytical equation of state which enables us to relate its chemical potential
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Figure 2.1: Plot of dφ̃S/dP vs P . The peak is sharper and higher for χSV = 1.9
than for χSV = 1.5. χSV = 1.9 is closer to the critical point.
and compressibility to the external conditions such as pressure and temper-
ature (i.e. 1/χSV ). Explicitly, if we consider a binary mixture of a solvent
and voids with the identical monomeric volumes denoted ρ−1, the activity
coefficient z of the solvent can be obtained as:
ln z = ln
φ̃S
1− φ̃S
+ χSV (1− 2φ̃S), (2.1)
where φ̃S denotes the volume fraction of the solvent. The dimensionless pres-











φ̃S[1− 2χSV (1− φ̃S)φ̃S]
. (2.3)
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To illustrate the qualitative features of the above model, in Fig. 3.1 we
display the quantity dφ̃S/dP (proportional to the compressibility of solvent)
as a function of pressure for different values of χSV . We observe that dφ̃S/dP
increases with an increase in the pressure P , reaches a maximum and then
decreases thereafter. This manifestation of an intervening maximum is com-
monly termed the “density fluctuation ridge” in the literature, [68, 72] and
has also been observed in the fluid properties of CO2. It is evident from the
Fig 3.1 that the “ridge” is more pronounced for the case of χSV = 1.9 which is
closer to the critical point as compared to χSV = 1.5 (for our lattice-gas model,
the critical point corresponds to χSV = 2.0 and P̃ = 1.193). This behavior
is again qualitatively consistent with previous experimental work involving
supercritical CO2 [68, 73].
2.2.2 SCFT framework
The above model for the compressible solvent is combined with mean-field the-
ory for block copolymers [25, 16] to analyze the stability of block copolymer
films exposed to a bath of the solvent. For this, we consider an incompress-
ible mixture of solvent, voids and block copolymers in a semi-grand canonical
ensemble, where the solvent activity coefficient and the total number of block
copolymers are constrained to specified values. We consider symmetric A-b-B
diblock copolymers (f = 0.5), and denote by n and φ the number of chains and
the the volume fraction of the block copolymers relative to the total volume of
the system. The degree of polymerization of block copolymer is denoted as N .
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It is assumed that both A and B components have the same statistical length
b, and that their segments occupy the same volume ρ−1 = b3 as that of the sol-
vent and voids. All lengths are non-dimensionalized by the radius of gyration
Rg of the copolymer. The polymer-solvent and polymer-void interactions are
chosen to be identical and is denoted as χ+SP . These interactions are chosen
to model a highly incompatible polymer-solvent mixture which brings about
phase separation between polymer-rich and solvent-rich phases [26]. However,
the solvent is also assumed to be relatively selective to one of the polymer seg-
ments (assumed to be the A segment), with the solvent selectivity quantified
by a parameter denoted χ−SP . Negative values of χ
−
SP models the preferen-
tial affinity of the solvent towards the A-segments. The void is assumed to
be non-preferential to either of the block copolymer components. Both seg-
ments of diblock copolymer are assumed to have identical interactions with
the substrate, which corresponds to neutrally interacting walls.
In a mean-field approximation, the free energy (expressed on a per di-
block chain basis) for the thin film of block copolymer-compressible solvent
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mixture can be written as:








+ χ+SPN(ΦS(r) + ΦV (r))(ΦA(r) + ΦB(r)) + χ
−
SPNΦS(r)(ΦA(r)− ΦB(r))
+ χSVNΦS(r)(1− ΦA(r)− ΦB(r)− ΦS(r))−N(HA(r)ΦA(r) +HB(r)ΦB(r))
− (WA(r)ΦA(r) +WB(r)ΦB(r) +WS(r)ΦS(r)) +N(1− ΦA(r)− ΦB(r)− ΦS(r))
× [ln (1− ΦA(r)− ΦB(r)− ΦS(r))− 1]}.
(2.4)
In the above equation, ΦA(r), ΦB(r), ΦS(r), and ΦV (r) represent the local
volume fractions of A, B, S and V respectively. The potential fields acting
on the A, B segments and the S molecules are denoted by WA(r), WB(r) and
WS(r) respectively. Q is the partition function of a single polymer chain in
the external fields WA(r) and WB(r), and QS is the partition function of a
solvent molecule in external potential field WS(r). The surface potential fields
are denoted by Hi(r), where i = A and B. These functionals are chosen to
be identical in form to that proposed by Matsen [16]. The surface potential
is applied only on the lower wall (i.e. substrate), so that the block polymer is
attracted to the substrate. The final term in the free energy equation is the
translational entropy contribution due to the presence of voids.
Q stands for the partition function of a single diblock chain in the
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where, q(r, s) is the end-segment distribution function that gives the proba-
bility that a section of a polymer chain, of length ‘s’ and containing a free
chain end has its connected end at r. This distribution function satisfies the





2q(r, s)−WA(r)q(r, s) if 0 ≤ s ≤ f
∇2q(r, s)−WB(r)q(r, s) if f ≤ s ≤ 1
(2.6)












The surface potential of A-segments and B-segments (HA(r) and HB(r)) are
applied only on the substrate wall. The functional form of surface field Hi(r)
(i = A or B) is chosen as
Hi(r) =
 Λi(1 + cos(πx/ε))/ε if 0 ≤ x ≤ ε0 if ε ≤ x (2.8)
In the above equation, ΛA and ΛB control the strength of surface po-
tential fields for A-segments and B-segments respectively. ε is the width of
“surface layer” - the region over which the surface potential field acts. For a
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positive value of Λi, the surface has affinity for that particular polymer com-
ponent.
In the mean-field approximation, the segment densities and potential
fields are determined by a set of self consistent equations [25, 16, 18, 17]. The
densities and potential fields are replaced by their saddle points for which the
value of free energy functional is minimum. These equations are obtained
by taking the functional derivative of free energy with respect to each of the
density and potential fields and equating them to zero. These resulting self-




















−N ln(1− ΦA(r)− ΦB(r)− ΦS(r))
(2.12)










SPN(ΦA(r) + ΦB(r)) + χ
−
SPN(ΦA(r)− ΦB(r)) + χSVN(1− 2ΦS(r)− ΦA(r)− ΦB(r))
−N ln(1− ΦA(r)− ΦB(r)− ΦS(r))
(2.14)
To model the influence of the substrate boundary upon the polymer confor-
mations, Dirichlet boundary condition is applied for the end-segment distribu-
tion function of the polymer conformations. The semi-infinite nature of film is
modeled by a Neumann condition on the other boundary [26]. To model bulk
phase behavior of the block copolymer-solvent mixture, periodic boundary con-
ditions are applied. To numerically implement SCFT, the system is divided
into a 1-D lattice. Starting with a set of random values for potential fields
Wi(r), the segment densities and potential fields are evolved using the above
self-consistent equations. At equilibrium, the value of free energy is minimum.
The partition function for diblock copolymer, Q and the segment densities are
calculated by solving the modified diffusion equation. A fourth order accurate
Adams-Bashford algorithm is utilized to solve this partial differential equation
[74]. For the case of bulk systems, periodic boundary condition is applied,
while for thin films, q(r, s) = 0 is applied on the substrate and dq/dr = 0
at the other end. We utilized the following values for discretization in space
∆x = 0.05Rg and a step-size of ∆s = 0.0025. Each run took approximately
2 hours of computer time to achieve convergence of 10−5 in the value of free
energy per chain.
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2.3 Free energy analysis
In our semi-grand canonical framework, the thickness (∆) of the copolymer
film is not an externally controllable quantity. the thickness of the block
copolymer film is not a specified quantity, but is rather determined by the
equilibrium conditions corresponding to the solvent-polymer phase equilib-
rium. To extract the free energy per unit area corresponding to the block
copolymer film, we follow the following procedure: For given solvent condi-
tions and A-B interactions (χABN), the free energy per unit area of the film is
dependent on the thickness x of the slab of the block copolymer film consid-
ered. In Figure 3.2, we display a representative plot for this dependence of the
free energy per unit area (denoted by F ′) as a function of x. It is observed that
when the slab of material considered falls wholly within the diblock copoly-
mer film, F ′ is an oscillatory function of x (mimicking the composition profile
within the film), whereas for the situation where the slab considered falls in
the solvent rich phase F ′ varies linearly with x. The latter embodies the con-
tributions arising from the free energy per unit area of the block copolymer
film (a x independent quantity), and the free energy contribution arising from
the solvent-void interactions (which is extensive and scales linearly with x). A
linear fitting was used to extract these independent contributions to F ′. This
is shown in the inset of Figure 3.2, which displays the “linear” region of the
F ′. Explicitly, we represent
F ′ = F + FSx, (2.15)
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where FS represents the free energy of solvent-void phase per unit length and F
represents the surface energy of the film per unit area. We used this (intercept)
F as the surface free energy for our subsequent analysis.
Figure 2.2: Free energy per unit area of the film as a function of x - dis-
tance from the substrate. The value of Flory-Huggins interaction parameter
is χABN = 12 and the volume fraction of copolymer is φ = 0.35. The sol-
vent condition is fixed corresponding to χSV = 1.9, z = 1.2118, P̃ = 1.35,
χ−SPN = −25.
We now briefly review the manner in which F determines the onset of
instabilities in block copolymer thin films. It is well known that for solvent-free
block copolymer melts, the presence of a substrate which exhibits preferential
selectivity to one of the segments, induces exponentially decaying composition
oscillations even when the temperature is above the bulk ODT [66, 75, 22].
When the block copolymer is confined between two such substrates, inter-
ference of such concentration oscillations induced by the surfaces leads to a
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thickness dependence of the overall free energy of the film, [65, 14, 66] and
can lead to macroscopic dewetting instabilities where the film breaks up into
a discontinuous layer forming ‘islands’ and ‘holes’ [65, 14, 76, 15, 77]. The
criteria for instability to develop in a thin film of thickness (∆) is expressed in




In contrast, for temperatures below the bulk ODT, the free energy of the thin
film system exhibits periodic oscillations as a function of the film thickness.
The minima of the free energy-thickness dependencies correspond to the stable
thicknesses while the maxima correspond to the unstable thicknesses.
In our study, we consider neutrally selective surfaces and probe the effect
of the selective solvent upon instability and ordering in thin films. In contrast
to the above discussed situation (for selective surfaces), for solvent-free block
copolymer melts in the presence of neutrally selective surfaces, there are no free
energy oscillations induced in the film at temperatures above the bulk ODT.
However, for temperatures below the ODT, the free energy of the thin film
system does exhibit periodic oscillations as a function of the film thickness,
with the minima corresponding to the stable thicknesses while the maxima
correspond to the unstable thicknesses. To compare with this expectation,
Figure 3.3 displays the dependence of the free energy per unit area (F ) of
our solvent+block copolymer film as a function of the amount of copolymer
present inside the film (denoted ΦP , determined in a manner similar to F and
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Figure 2.3: Free energy as a function of total polymer concentration ΦP for
three different values of χABN .The solvent condition is fixed corresponding
to χSV = 1.0, z = 0.814, P̃ = 1.35, χ
−
SPN = −25. These values of F are
corrected with the bulk value of free energy
is taken as a measure of the thickness of the film) for three different values of
Flory-Huggins parameter χABN . The solvent conditions are fixed such that
the parameters: χSV = 1.0, z = 0.814, P̃ = 1.35, and χ
−
SPN = −25.
Overall, the trends evident in Fig. 3.3 are similar to the behavior ex-
pected for a pure block copolymer melt near a selective substrate. In Fig-
ure 3.3, for χABN = 7, we observe only one minimum (∆min) in the free energy
profile, corresponding to the stable thickness. For thickness smaller than ∆min,
holes appear on the surface coexisting with regions of thickness ∆ = ∆min [65].
For thickness larger than ∆min, the film would prefer breaking into a region
of minimum stable thickness and a region of infinite thickness, corresponding
to macroscopic dewetting. The second case (χABN = 10) corresponds to a
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diblock copolymer film near its layered dewetting temperature (LDT, defined
below), where the second minimum in the free energy thickness dependence
gets more pronounced. For the case of χABN = 12, the free energy dependence
on film thickness exhibits periodic oscillations, indicative of ordering in thin
films. The minima in this curve correspond to stable thicknesses involving
different numbers of A-B layers, while the interspersed maxima correspond to
unstable thicknesses. For thickness intermediate between two minima, com-
mon tangent construction can be used to determine the breakup of a film into
regions of stable thicknesses. Such a framework ensures the equality of chem-
ical potential of both the block copolymer and the solvent in the coexisting
thicknesses.
In the results presented below, we interpret LDT as the χABN at which a
periodic double-well minimum appears in the free energy-thickness dependence
plot. This criterion identifies the χABN for which films intermediate in thick-
ness to the minima breaks up into coexisting thicknesses corresponding to the
minima. In the experimental results corresponding to our study, the breaking
up of the unstable film into such layers of periodic thicknesses was construed
as an indication of self-organization within the film, and was identified as the
ODT of the thin film by Arceo et al. [14]. Based on such an identification, we
study the effect of solvent properties on the LDT. Due to the number of com-
ponents and their interactions, the above model has a vast parameter space
with potentially rich behavior. To render the parameter space manageable, we
fix the degree of polymerization at N = 100. The size of the overall system is
36
fixed at ∆′ = 20Rg, where Rg is the radius of gyration of the copolymer. The
value of the following polymer-void and polymer-solvent repulsive interaction
parameter is kept fixed: χ+SP = 2.0. In this work, we focus on the interplay
between compressibility, density fluctuation effects of the solvent and other
physical conditions such as solvent selectivity (χ−SP ) upon the thin film phase
behavior.
2.4 Results
In Figure 3.4a we compare the differences in phase behavior between the thin
film and bulk systems in the presence of compressible solvent. For a speci-
fied value of relative solvent selectivity χ−SPN and the solvent-void interaction
parameter χSV , it is observed that the LDT in thin films occurs at a lower
value of χABN compared to the corresponding bulk system ODT. Moreover,
with increasing pressure, this layered dewetting transition is also seen to be
shifted to lower values of χABN . In Figure 3.4a, the comparison between thin
film and bulk systems is presented for two different values of χSV , from which
it is observed that increasing χSV also lowers the value of χABN for onset of
instability. It is pertinent to note our results suggest that the layered dewet-
ting transition for thin films can occur at χABN values lower than both the
conditions at which the block copolymer solvent mixture orders in bulk as well
as the ordering temperature of a thin film of pure block copolymer orders in
vacuum (χABN = 10.5). This result is qualitatively consistent with experi-
mental observations of Arceo et al., that the ordering transition temperature of
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block copolymer thin film increases relative to bulk in the presence of slightly
selective supercritical CO2 solvent [14].
To rationalize the above results, we note that in contrast to the situation
for neutral (non-selective) solvents discussed earlier, [63, 64] a selective solvent
can lead to a preferential swelling of one of the components relative to the
other, leading to an effectively enhanced repulsion between the blocks. Indeed,
it has been found that a highly selective solvent can lead to ordering in block
copolymer at lower values of χABN than even the pure block copolymer [63].
Our results are rationalized by noting that for a specified solvent condition,
the amount of solvent inside the copolymer thin film is higher than that of the
corresponding bulk system. For thin films, the polymer density vanishes at the
substrate, and there is an increase in solvent density both near the substrate
and at the polymer-vapor interface due to entropic considerations [69].
The solvent effect is clearly demonstrated in Figure 3.4b, where the total
solvent volume fraction (ΦS) in the film is plotted as a function of pressure for
the cases considered in Figure 3.4a. For a given χSV , it is seen that the solvent
volume fraction is always higher in the thin film (φ = 0.15) as compared to
its bulk analog. Since in our study, the solvent is relatively preferential to
A-segments, the A-block is “pulled” towards both the substrate and the free
surface. So even in the absence of a preferential surface potential, the presence
of a selective solvent creates effectively an enhanced pseudo-repulsion between
the A and B copolymer segments. We implicate the solvent sorption and
selectivity induced enhanced repulsion to be responsible for earlier observation
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Figure 2.4: (a) The LDT (thin film systems, closed symbols) and ODT (bulk
systems, open symbols) χABN versus pressure (P̃ ) for. (b) The solvent volume
fraction ΦS vs. pressure for the cases shown in Part (a). The volume fraction
of the block copolymer relative to the total volume of the system is fixed at
φ = 0.15.
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of instability in thin films.
Figure 2.5: The LDT (thin film systems, closed symbols) and ODT (bulk
systems, open symbols) χABN as a function of pressure P̃ for different values
of χ−SPN in thin film (closed symbols) and bulk systems (open symbols). The
value of χSV is fixed at 1.5.
The effects of χSV and external pressure on the phase behavior in thin
films can now be explained. We note that χSV reflects the distance of supercrit-
ical fluid from critical conditions, with the critical temperature corresponding
to a value of χSV = 2.0. The amount of solvent intake into the film is directly
related to the value of solvent activity coefficient (z), which in turn is directly
proportional to the volume fraction of solvent in the solvent-void phase. At a
given value of solvent pressure, increasing χSV increases the repulsive interac-
tions between solvent and voids, and hence, the volume fraction of solvent in
the supercritical solvent phase increases. This correspondingly enhances the
amount of solvent sorption in the film. This effect is shown in Figure 3.4b,
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where at a given pressure, the amount solvent sorption is higher for χSV = 1.9
than for χSV = 1.0 for both bulk and thin film system. Since the value of
χABN for which ordering occurs in thin film is a function of the amount of sol-
vent inside the film, it is clear that increasing χSV shifts the layered dewetting
temperature to lower values of χABN (Figure 3.4). Along similar lines, at a
given χSV , higher pressure implies lower compressibility, and hence the volume
fraction of solvent in the supercritical phase (and the amount of solvent ab-
sorbed in the film) is higher. Therefore, increasing pressure leads to lowering
of the layered dewetting temperature, albeit this shift is not substantial.
The above results indicate that the relative selectivity of a solvent can
also play an important role in this instability of block copolymer thin films.
These effects are clearly displayed in Figure 2.5, where it is seen that increasing
the selectivity of solvent can shift the ordering transition to much lower values
of χABN . While a similar trend is also observed for bulk systems, the shift
in ordering transitions are more significant for thin films as compared to bulk
(Figure 2.5). These trends are again consistent with our earlier discussion on
the interplay between larger sorption of solvent and relative selectivity to one
block. Increasing the solvent selectivity renders this effect more pronounced,
leading to larger shifts in ordering transitions in thin films.
2.5 Conclusions
In summary, we employed self-consistent mean field theory in combination with
a lattice gas model for a compressible solvent to examine the phase behavior
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and stability of thin films and bulk systems in the presence of a compressible
fluid. Our formalism considers a supported film rather than that of a con-
fined one as considered in many prior researches. This framework allows for
a more realistic approach to study the stability in thin film morphologies. A
free-energy analysis was used to analyze the stability and layered dewetting
transitions occurring in diblock copolymer thin films. Our results are in quali-
tative agreement with experimental results [14] which demonstrated that there
is an upward shift of the thin film layered dewetting temperature relative to
the bulk ODT in a compressible solvent environment. These experiments were
rationalized by suggesting that compressible solvent enhances the disparity in
interactions between different diblock segments in thin films more than bulk,
leading to significant differences in phase transitions. This reasoning is consis-
tent with our results that the relative selectivity has a very important effect
on the phase behavior of the block copolymers. These effects suggest that
the interplay of solvent properties and confinement can lead to a richer phase
behavior for block copolymer systems, thereby opening up the possibility for
another parametric control of the self-assembly morphologies in such systems.
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Chapter 3
Self-Assembly of Side-Chain Liquid
Crystalline Block Copolymers
3.1 Introduction
The self-assembly behavior of flexible diblock and multiblock copolymers have
been extensively studied from both a theoretical and experimental viewpoint.
Their morphological characteristics are known to be parameterized by the frac-
tion of the different blocks and by the incompatibility between the different
blocks. Some of the commonly observed self-assembled microstructures in such
polymers include lamellar phases, hexagonally packed cylinders, body centered
cubic spheres and bicontinuous gyroid phases [1]. In contrast, liquid crystalline
polymers (LCP) are a special class of polymers possessing mesogenic units ca-
pable of orientational ordering in addition to morphological assembly. Such
polymers have attracted significant attention in view of their potential appli-
cations in electro-optical display devices and high strength fibers [78]. The
self-assembly characteristics of block copolymers containing such LC units are
expected to be richer than flexible diblock copolymers due to the combined
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possibility of microphase separation along with orientational ordering of the
segments. For instance, rod-coil diblock copolymers have displayed morpholog-
ical characteristics distinct from that of conventional flexible block copolymer
mesophases which includes phases such as arrowhead, zig-zag, wavy lamellar
and smectic bilayers [8, 79, 80].
Side-chain liquid crystalline (SCLC) block copolymers are a special class
of liquid crystalline polymers consisting of side-chain mesogenic units attached
typically through an alkyl spacer to an amorphous backbone. Several experi-
mental groups have synthesized and studied the properties of side chain liquid
crystalline block copolymers [29, 81, 31, 30]. In contrast to the morpholo-
gies exhibited by rod-coil block copolymers, side-chain liquid crystalline block
copolymers exhibit richer self-assembly characteristics that manifest an inter-
play between the backbone block copolymer ordering and liquid crystalline
ordering between side chain rod units [82]. Overall, at low volume fractions of
the amorphous coil block (i.e. the ungrafted flexible block), hexagonally closed
packed cylinders of the coil phase have been observed inside a continuous ma-
trix made of the LC block [31, 30, 3, 83, 84]. The rod segments were observed
to be oriented parallel to the block copolymer interface and along the axis of
the cylinders [83, 84]. Increasing the volume fraction of the amorphous coil
block have been shown to lead initially to perforated lamellar morphologies
(possibly metastable states), in which alternating lamellar phases are inter-
spersed with cylindrical domains in which the coil block is confined [3]. In
most experiments, further increase in the volume fraction of the coil block
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leads to a broad lamellar regime which persists up to relatively low volume
fractions of the block on which the mesogens are grafted (hereafter referred
to as LC block). Moreover, it has been observed that the lamellar domains
typically stabilize the formation of Smectic C∗ phases where the orientation of
the rod segments are parallel to the block copolymer interface [29, 9]. How-
ever, in some cases, especially when the rods are connected through a longer
alkyl spacer to the main chain backbone, rod orientations perpendicular to
the block copolymer interface have also been observed [9]. At high volume
fractions of the amorphous coil block, cylindrical microdomains of LC blocks,
with the mesogens parallel to the axis of cylinders have been observed [31].
Moreover in most of the experiments reported, orientational ordering of the
rod segments occurs at or after the order-disorder transition (ODT) for the
microphase separation, suggesting that the onset of compositional ordering
significantly influences the orientational ordering of the rods.
In contrast to the significant theoretical developments accompanying
self-assembly in flexible block copolymers, methods and models for predicting
the self-assembly behavior of side chain liquid crystalline block copolymers
are very limited. A scaling-based free energy model was developed for the
side chain liquid crystalline block copolymers by Anthamatten and cowork-
ers [85]. This model accounts for the orientational interaction of mesogens,
stretching of the amorphous chains, surface tension of the interfaces between
the incompatible blocks and the elastic deformation of the LC phase [85]. Free
energies were estimated for different morphologies and phase diagrams were
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constructed which were reported to be in qualitative agreement with the ex-
periments. On a slightly different front, some theoretical models based on
self-consistent field theory (SCFT) and random phase approximation (RPA)
have considered the self-assembly characteristics of comb-coil block copoly-
mers (which can be argued to be architecturally similar to side chain liquid
crystalline block copolymers) [86, 87, 88]. The SCFT model considered the
general case of combs grafted at arbitrary locations along the backbone. Due
to computational limitations, such a model could only study the self-assembly
behavior of the polymer with a few number of grafted units [86]. The RPA
formalism on the other hand is limited to weak segregation regime, and re-
quires one to consider known structures whose free energies are then compared
[88]. Consequently, it is somewhat limited to “discover” structures in complex
polymers such as SCLC multiblock copolymers.
In this chapter, we propose a combined study based on self-consistent
mean field theory (SCFT) and strong segregation theory (SST) to understand
the self-assembly characteristics of side chain liquid crystalline (SCLC) block
copolymers. SST is analytical in nature and therefore identifies the physics
behind the self-assembly characteristics. SST has been shown to be very suc-
cessful in describing the phase behavior of diblock and multiblock copolymers
accurately at stronger segregations [1, 89, 90]. For SCLC polymers, the strong
segregation approximation we use is expected to be more accurate for rela-
tively shorter rod molecules grafted to the main chain backbone. In contrast,
the self-consistent mean field theory is numerical, but in principle is valid
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for all degrees of segregation and rod lengths. We view these methods as
complementary, and use them together to provide a complete overview of the
self-assembly behavior.
Figure 3.1(a) displays the molecular structure of a SCLC block copoly-
mer used in the experiments of Hammond and coworkers, in which a styrene
block is linked to a methacrylate block on which mesogenic chiral biphenyl
benzoate molecules are grafted through an alkyl spacer [3]. Inspired by the
structure of such molecules, we develop a SCFT model based on the microme-
chanical representation of the SCLC block copolymer as having a coil block
(A) linked to another coil block (B). The monomers of the coil block (B) are
assumed to be linked to each other through flexible spring like units. Each
monomer of the B coil is also assumed to be attached to a mesogenic unit
(R) (shown schematically in Figure 3.1(b)). As we demonstrate later, this
approach eliminates the constraint of incorporating only a “few” grafted side
chains (which typically increases the computational requirements), and instead
models the experimental conditions more realistically. The SST model adopts
a more simplistic view by ascribing the effect of rods to two contributions:
(i) An increased monomeric volume of the B segments; (ii) The influence of
changes in orientational entropies and interaction energies due to ordering
of the rods within mesophases. These contributions are then combined with
the classical theory of ordering in flexible diblock copolymers to discern the
self-assembly characteristics in the system.
The rest of the chapter is organized as follows. In section II we demon-
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Figure 3.1: (a) Molecular structure of a SCLC copolymer used in the experi-
ments of Hammond and coworkers [3]. (b) A schematic of our model for side
chain liquid crystalline polymer. NA monomers of A block is attached with a
B block having NR number of attached mesogenic units.
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strate the manner in which the thermodynamical features of the above model
can be recast into a field theory model which can be treated by mean-field
approximation to lead to a self consistent field theory for SCLC block copoly-
mer. In section III, we present results for the self-assembly characteristics by
assuming two dimensional morphologies. Our results relate the morphologi-
cal characteristics of SCLC block copolymers to various parameters such as
its overall molecular weight, the length of the rod units, the volume fraction
of each block and the orientational interaction between LC moieties. We ex-
plore a limited subset of the parametric space and we present results which
are in good agreement with experimental results. These results suggest that
our model provides a means to deduce the morphologies and orientational
characteristics for other parametric conditions of SCLC block copolymer. In
section IV we present a description of the model for SST calculations, the
accompanying results and a comparison to the corresponding SCFT results.
3.2 Description of SCFT Model and Frame-
work
In this section, we present a field theoretic formulation of the model for the
side chain liquid crystalline diblock copolymer described in the introduction
(Figure 3.1(b)). The theoretical framework parallels the earlier developments
in models for flexible diblock copolymers and rod-coil copolymers [16, 8], how-
ever differing in the presence of side chain rod units at every monomer of one
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of the blocks.
We consider a canonical ensemble of an incompressible melt of n side
chain liquid crystalline block copolymers in a volume V . Each polymer is as-
sumed to be made of a block of a flexible chain (referred to as the A block)
attached to another flexible block (B) to which the rod-like units (R) are at-
tached. Closely modeling the experiments of SCLC polymers, we assume that
side chain mesogenic units are attached to every monomer of the B block.
Between two rod units, the backbone of the B polymer is modeled as a flexible
Hookean spring. The monomeric units of the flexible coil (A and B) are both
assumed to be characterized by the same statistical segment length b. For sim-
plicity, we assume that both coil and rod monomers occupy the same volume
(ρ−10 ). Based on this assumption, we define the characteristic length of a rod
monomer “a”, such that ad2 = ρ−10 (d being the diameter of the rod). The rod
unit is then assumed to contain “m” such monomers. This parameterization
is identical to that employed in earlier models of rod-coil block copolymers
[8, 91]. In this notation, if there are NA monomers of A and NR number of
rod units (equal to number of B monomers), then the overall number of units
of the SCLC polymer is
N = NA +NR(m+ 1) (3.1)
The volume fraction of the amorphous block is denoted as fA (= NA/N), and
the volume fractions of the B and R monomers are denoted as fB (= NR/N)
and fR (= mNR/N) respectively.
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The flexible (A and B) parts of the copolymer are parameterized with
a continuous variable “s” which monotonically increases along the length of
the polymer. Explicitly, s = 0 at the beginning of A-block, s = NA, at the
junction of the two blocks and s = NA + NR at the end of B block. Using
this parameterization, the function Rα(s) (where α = 1, 2, ...., n indexes the
different polymers) is used to describe the conformations of the flexible A block
and backbone monomers. Each rod block whose ends are at Rα(s) (NA < s ≤
NA+NR), are assumed to be oriented along a unit orientational vector denoted
as uα(s). Based on these notations, the non-dimensional volume fractions for




























In addition, to describe the orientational interactions between the rods, we


















The overall melt is assumed to be incompressible i.e.,
φ̂A(r) + φ̂B(r) + φ̂R(r) = 1. (3.4)
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Energetic interactions in the above model are assumed to be comprised
of the following components: (i) Stretching free energy of the flexible chain











(ii) The enthalpic energy associated with the unfavorable interactions between
the different blocks: We quantify these interactions in terms of two Flory-
Huggins interaction parameters, χABR representing the interaction between A
block and the combined units of B and R blocks, and χBR representing the
interaction between B and R units. In principle, a more general representation
will involve three parameters describing the interactions between A and B, B
and R, and A and R units. However, we adopt the proposed representation
to simplify the parameter space. In terms of these interaction parameters, the
enthalpic contributions to the free energy can be expressed as:
H1[R] = χABRρ0
∫




The above expressions are combined with the condition of incompressibility
52













In the following, we discuss our results with parameter space of the modified
interaction parameters, χ1 ≡ χABR − χBR/4 and χ2 ≡ χBR, in terms of which











Variations in χ1 (the only interaction effect studied in this study) are assumed
to arise from changes in the interaction between A block and combined units
of B and R; (iii) To model the orientational interactions between the rod-like
mesogenic units, we utilize a Maier-Saupe type interaction potential. The
latter is a mean-field representation where entropic costs arising from non-
aligned configurations of rods are ascribed to an energetic cost involving the





dr Ŝ(r) : Ŝ(r), (3.9)
where, the Maier-Saupe parameter µ represents the strength of orientational
interactions, with high values of µ favoring a stronger alignment of the rods.
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The above approach for modeling orientational interactions has been shown to
provide semi-quantitatively accurate results for rod-coil block copolymers even
possessing reasonably long rods [8]. For SCLC block copolymer systems, which
typically involves much shorter rod-like units, this approximation is expected
to be even more accurate in describing the orientational interactions.





Using standard field-theoretic techniques, the quadratic interactions in the
Hamiltonian can be decoupled by introducing fluctuating chemical potential
fields conjugate to the density and orientational order parameters [18]. In
a non-dimensional representation, where all lengths are non-dimensionalized
using the unperturbed radius of gyration Rg = b(N/6)
0.5, and the contour
variables s and p are non-dimensionalized using the overall molecular weight































dr M(r) : M(r).
(3.12)
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In the above expression, C ≡ ρ0R3g/N and V is the non-dimensional system
volume. W1(r) represents the potential field conjugate to the difference in
volume fractions of the A and B+R blocks (φ̂A(r)−(φ̂B(r)+φ̂R(r))), and W2(r)
represents the potential field conjugate to the difference in volume fractions of
B and R components (φ̂B(r)− φ̂R(r)). The incompressibility is enforced by the
pressure like chemical potential field π(r) [18]. M(r) is a tensor field conjugate
to the orientational order parameter Ŝ(r) [8]. In the above expression, Q
represents the single chain partition function of a polymer in the external






















ds (W1(Rα(s))−W2(Rα(s)) + iπ(Rα(s)))
−
∫
dr (W1(r)−W2(r) + iπ(r))φ̂R(r) +
∫
dr M(r) : Ŝ(r) ] .
(3.13)
We denote the potential fields acting on A, B and R segments as WA(r), WB(r)
and WR(r) respectively, and are in turn related to the W1(r), W2(r) and π(r)
fields as
WA(r) = −W1(r) + iπ(r), (3.14)
WB(r) = W1(r)−W2(r) + iπ(r),
WR(r) = W1(r) +W2(r) + iπ(r).
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We observe that Eq.(13) can be simplified by noting that the orientational
degrees of freedom of each of the rod units on the backbone are independent











































In the above representation, ln g(r) can be construed as a pseudo “effective
potential” acting on a monomer of the B block at position r arising due to the
statistical weight of the rod units linked to it. In the above equation, β (≡
aN/b(N/6)1/2) is the non-dimensional parameter characterizing the length of
a rod block.
We observe that the expression Eq.(15) for the partition function of
a single polymer chain resembles the partition function for a flexible diblock
copolymer, with an overall chemical potential acting on the B segments which
includes the rod contributions: W ∗B(r) = WB(r) − N ln g(r). Moreover, since
g(r) involves only an integral over u, Eq.(16) can be evaluated using straight-
forward numerical techniques. Consequently, the above single chain partition
function (Eq.(15)) can be evaluated by solving diffusion-like equations for the
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end-segment distribution functions, [18, 92] which are very similar in struc-
ture to that of a flexible diblock copolymer. Explicitly, if q(r, s) represents the





2q(r, s)−WA(r)q(r, s), 0 ≤ s ≤ fA
∇2q(r, s)−W ∗B(r)q(r, s), fA ≤ s ≤ fA + fB.
(3.17)




dr q(r, fA + fB). (3.18)
While all our developments so far are exact, except insofar as the ap-
proximations inherent in the micromechanical representation, we now invoke
the mean-field approximation, wherein the partition function (Z) is approxi-
mated by evaluating the functional integral at its saddle point [18, 17]. This
leads to a set of equations relating the potential fields W1(r), W2(r), π(r)
and M(r) and the species volume fractions and orientational order param-
eter φ̂A(r), φ̂B(r), φ̂R(r) and Ŝ(r) to be solved in a self-consistent manner.
Explicitly, the self-consistent equations are:
2
χ1N
W1(r) = φA(r)− [φB(r) + φR(r)] (3.19)
2
χ2N
W2(r) = φB(r)− φR(r)





In the above expression, φi(r) represents the local volume fractions of the
different components, while S(r) is the local orientational order parameter.
The local volume fractions of the flexible components can be calculated in a












ds q(r, s)q†(r, fA + fB − s).
In the above equations, q†(r, s) is the end-segment distribution function and
represents the statistical weight for a chain of length ‘s’ to have its end at
position at r. It is defined in the same way as q(r, s), except that s is measured





2q†(r, s)−W ∗B(r)q†(r, s), 0 ≤ s ≤ fB
∇2q†(r, s)−WA(r)q†(r, s), fB ≤ s ≤ fA + fB.
(3.21)




















































The physical interpretation of the above two expressions is that the density (or
the orientational density parameter) of the rod segment “p” at position r and
oriented at an angle u, is directly linked to the density of backbone (φB(r)) at
the position r − βpu. The integrals in the above equations then accounts for
all the possible orientation of the rods and all the monomers of the rod, with
the exponential terms accounting for the probability that a rod segment whose
link with the flexible backbone located at r− βpu is oriented at an angle u.
In essence, our model formulation transforms the influence of side chain
units as a potential onto the B segments, necessitating solution of only two
diffusion equations (q(r, s) and q†(r, s)) for the polymer. This contrasts with
earlier models of comb-like polymer where the combs were assumed to be
grafted at arbitrary locations and requires solution of multiple diffusion equa-
tions [86].
3.2.1 Details of Numerical Calculations and Parameters
The self-consistent equations (Eq.(19)) are solved by a real space evolution
method developed by Fredrickson and coworkers [18]. This method entails
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starting with random initial conditions for the potential fields, which are then
evolved until the self-consistent solutions to Eq.(18) are achieved. The pseudo































In the above equations, the fictitious mobility coefficients (λπ) for the incom-
pressibility field π(r) was typically chosen as between 0.2-0.3, and the mobil-
ity coefficients (λW1, λW2 and λM) for other fields were chosen to be between
0.1-0.15. We employed a box size of 8Rg × 8Rg for our simulations. The
discretization along the length of flexible backbone ∆s was chosen to be 0.005.
The diffusion equations in two dimensions were solved by an operator splitting
strategy [93]. Despite the fact that simulations were carried out assuming two
dimensional variations in volume fractions and orientational order parameter,
the orientational vector was allowed to be a unit vector in the three dimen-
sional plane. Hence the average orientational order parameter S(r) and its
conjugate potential field M(r), are symmetric, traceless 3 × 3 matrices. Inte-
grations over orientational vector u(r) were evaluated by utilizing a ten-point
Gaussian quadrature [93].
The overall self-assembly behavior is governed by a vast parametric
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space which includes fA, χ1N , χ2N , NR, m, µN and β. The first two pa-
rameters also arise in the context of the phase behavior of the flexible diblock
copolymers, while the other parameters arise in the specific context of the
SCLC block copolymer. In the results discussed in the next section, the ratio
µN/χ1N was kept fixed at a value of 15. The non-dimensional length of the
rod unit was fixed at β = 5 for the case of higher molecular weight. The inter-
action parameter between the flexible backbone and the side chain mesogenic
units was also kept fixed throughout the simulations as χ2N = 20.
To determine the onset and characteristics of microphase separation
transition, both the equilibrium component volume fraction profiles and the
free energies are used. To identify the orientational ordering transition, we
calculate an order parameter: S̄(r) = 1.5λmax(r), where λmax(r) denotes the
maximum eigenvalue of the tensor S(r). This order parameter, when nor-
malized by rod volume fraction φR(r) equals unity for the case of complete
alignment of the rods, and is zero for random orientation of rods. The orienta-
tion of the rod units are along the eigenvector corresponding to the maximum
eigenvalue of the orientational order tensor (λmax(r)). In the following sec-
tion, we present results obtained by assuming that the solutions of the self
consistent field theory equations exhibit a 2-D symmetry.
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Figure 3.2: Self assembly phase diagram obtained from 2D calculations. The
parameters are N = 200 and m = 5. The solid line represents the transition
from disordered phase to microphase separation, and the dashed line repre-
sents the transition to smectic ordering. Open diamonds represents disordered
phase, while triangles represent lamellar phases and the circles represent the
cylindrical morphologies discussed in the text.
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3.3 Results and Discussion
3.3.1 Phase Diagram and Morphologies
In the present section, we present results which show the effects of varying
the volume fraction of A block (fA) and the interaction parameter (χ1N) on
the nature of morphologies formed and the orientational ordering of the meso-
genic units. In Figure 3.2, we present the self-assembly phase diagram for the
case of N = 200 and m = 5. The boundaries indicated between the different
phases are just meant to be guidelines to the eye and do not represent real
phase boundaries obtained as output of our simulations. The solid line rep-
resents the transition from isotropic to phase separated morphology (denoted
as (χ1N)C), and the dashed line represents the onset of orientational ordering
of the mesogenic units (denoted as (χ1N)I−N). From Figure 3.2, it can be ob-
served that the critical value of Flory-Huggins interaction parameter (χ1N)C
needed for microphase separation transition is less than or equal to the value
of (χ1N)I−N for the onset of smectic ordering, suggesting that the formation
of microphases was a necessary condition for the development of orientational
ordering. Overall, we also observe that the phase diagram is not symmetric in
the volume fractions of the A and B blocks.
At low volume fractions of the A block (0.22 ≤ fA ≤ 0.52), hexag-
onally packed cylinders of A phase surrounded by continuous matrix of LC
(B+R) block are formed. Figure 3.3(a) displays a representative 2D volume
fraction profile (in the x-y plane) for such a morphology. In Figure 3.3(b),
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the z-component (Sz(r)) of the eigenvector corresponding to the orientation
is displayed. From Figure 3.3(b), it is evident that in the region outside the
cylinder (B+R phase), the value of Sz(r) is unity, which implies that the rods
prefer to orient themselves along the axis of coil cylindrical domains. The
schematic shown in Figure 3.3(c) depicts the conformations of the chains and
the orientational arrangement of side chain units outside the cylindrical do-
mains. This orientation can be rationalized by observing that the alternative,
involving the tangential orientation of the mesogens would lead to defects and
would be unfavorable relative to the observed axial orientation of the rods.
This morphology and the orientation of the rods (Figure 3.3(c)) have been
reported by many researchers [31, 30, 9, 83, 84].
In the intermediate region of the phase diagram (0.52 ≤ fA ≤ 0.64),
lamellar phases of amorphous and LC blocks are observed in conjunction with
an orientational ordering within the lamellar domains. Figure 3.4(a) displays
the 2-D density profile for lamellar structure observed at a volume fraction of
fA = 0.64 and χ1N = 10. In Figure 3.4(b), the z-component (Sz(r)) of the
eigenvector corresponding to the orientation is displayed. In the region of LC
phase (B+R), the value of Sz(r) is unity, suggesting that the rod units are
aligned parallel to the block copolymer interface and out of the plane of the
paper. Figure 3.4(c) shows a schematic of the chain conformations and the
orientation of rods within the lamellar microphases. This orientation can be
rationalized as arising from the tendency of the flexible backbone (B segments)
to stretch outwards from the interface, thus aligning the side-chain mesogenic
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Figure 3.3: (a) Hexagonally packed coil cylinders in a continuous LC block
phase. N = 200, m = 5, fA = 0.22 and χ1N = 25. (b) The z-component
(Sz(r)) of the eigenvector corresponding to λmax(r). In regions where LC
phase appears, the value of Sz(r) is 1.0, which implies that the orientation
is along the z-axis. (c) A schematic representation for this morphology along
with the nature of orientation of side chain liquid crystalline units within these
microphases.
65
Figure 3.4: (a) Lamellar morphology for amorphous and LC blocks. The pa-
rameters are N = 200, m = 5, fA = 0.64 and χN = 10. The rods are oriented
parallel to interface between the two blocks. (b) A plot of the z-component
(Sz(r)) of the eigenvector corresponding to λmax(r). In regions, where the LC
phase appears, the orientation is along the z-axis. (c) A schematic representing
microphase separation and orientational ordering.
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units in the direction parallel to the block copolymer interface. The results
of Figure 3.4 are also consistent with experimental observations which have
reported such morphologies and orientations for SCLC block copolymers with
a short alkyl spacers [3].
In the case of a simple flexible diblock copolymer, lamellar phases are
typically observed in the center of the phase diagram (0.35 . fA . 0.65). In
contrast, we observe for the case of side-chain liquid crystalline block copoly-
mers, that lamellar phases are formed at values of fA slightly greater than
0.5. This asymmetry in the phase diagram can be ascribed to the fact that
the attachment of the rod units renders the LC block much more bulkier than
the amorphous coil block. Consequently even a volume fraction of fA = 0.5
involves an asymmetric diblock copolymer with NA > NR (i.e. NB), thereby
favoring curved phases. Since the effective volume fractions of A and the B+R
blocks are the same, in this scenario, the shorter block (i.e. the B unit) tends
to favor being on the outside of the cylinders. Hence, cylindrical domains of
amorphous coil blocks are observed in the regime of the phase diagram where
the volume fraction fA is close to and even greater than 0.5.
At values of the volume fraction of the A block corresponding to the
majority phase (0.7 ≤ fA ≤ 0.82), we observe hexagonal phases where the LC
block is confined in a cylindrical morphology within a continuous matrix of
flexible A block. In Figure 3.5(a), we present representative volume fraction
profiles for such hexagonally packed LC cylinders for χ1N = 18 and fA = 0.76.
In Figure 3.5(b) we present a 3D plot of Sz(r), which is the z-component of
67
the normalized eigenvector corresponding to λmax(r). If the variations in the
density profile are assumed to be in the x-y plane, then the orientation of the
rod units are observed to be along the z-axis, i.e. the axis of the cylindrical
domains. A schematic of this hypothesized conformations of the chains and
the orientational characteristics of the rods are depicted in Figure 3.5(c). In
this arrangement, the flexible backbone (B) is stretched away from the curved
block copolymer interface to minimize contacts between A units and B+R
units. Within the cylindrical domains, the rod units have the option of ei-
ther orienting tangential to the interface or in the axial direction. However, a
tangential orientation inside the cylindrical domains is expected to lead to sig-
nificant energy costs due to defects, and is unfavorable relative to the observed
axial orientation of the rods. Experimental observations of such LC cylinder
morphologies are reported by Ober and coworkers for a volume fraction of the
coil block at fA = 0.78 [31]. They have also speculated that the smectic order-
ing within the cylindrical domains will be similar to the manner depicted in
the schematic shown in Figure 3.5(c). It is pertinent to note that by assuming
2D variations in composition profiles we preclude observation of profiles which
involve phase separation between the rods (R) and the backbone coils (B).
In sum, the above morphologies are observed to be a combination of
morphologies observed for flexible diblock copolymers along with orientational
ordering of the rod units. On the other hand, these morphologies differ signifi-
cantly from that observed in rod-coil copolymers, wherein, due to more severe
steric constraints, mainly lamellar-like morphologies are observed. Moreover,
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in all our results we observed that microphase separation (ODT) was necessary
for development of orientational ordering (I-N), which is also consistent with
experimental results wherein it has been observed that well defined lamellae
microphase was required to stabilize the formation of smectic C phase [3]. In
contrast, in rod-coil copolymers a precursor nematic phase was typically ob-
served prior to microphase separation [7]. The absence of such a precursor
disordered nematic phase for SCLC block copolymers can be rationalized as
due to the shorter length and lower volume fraction of rod units. Consis-
tent with this hypothesis, the value of averaged orientational order parameter
(< S̄(r) >) at the I-N transition was typically found to be in the range 0.2-0.5,
much lower than the values observed for rod-coil block copolymers [8].
3.3.2 Effect of molecular weight
We briefly discuss the effect of molecular weight N on the above morphologies
by comparing the transition lines for the cases of N = 100 and N = 200 for
a fixed value of rod length (m = 5) in Figures 3.6a and b. Overall, for both
the molecular weights we observe that the system exhibits similar kinds of
morphologies in similar ranges of volume fractions. For the case of smaller
N , the transition for smectic ordering ((χ1N)I−N) is seen to move downward
and even coincide with the microphase separation transition (χ1N)C at very
low volume fractions of coil. We note that this behavior is consistent with
the experiments of Zheng and coworkers who had observed that for lower
molecular weights and higher LC block volume fractions, the ODT coincided
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Figure 3.5: (a) Hexagonally packed LC cylinders in a matrix of A block. The
parameters are N = 200, m = 5, fA = 0.76 and χ1N = 18. (b) A plot
of the z-component (Sz(r)) of the eigenvector corresponding to λmax(r). In
regions, where the LC phase appears, the orientation is along the z-axis. (c)
A schematic representation of the observed morphology.
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with the I-N transition temperature [29]. To rationalize this decrease in the
critical (χ1N)I−N for orientational ordering, we note that whereas the onset of
microphase separation is governed by value of χ1N , the onset of orientational
ordering can be understood to be governed by the Maier-Saupe parameter µ
(for a fixed length of the rod m – cf. discussion following eq. (3.27)). The
ease of undergoing orientational ordering relative to microphase separation is
thus governed by the factor µ/χ1N . For the present case, since the ratio µ/χ1
is kept fixed, the orientational ordering relative to the microphase separation
is governed by the factor 1/N . Hence, on decreasing N , the orientational
ordering is seen to be favored. We also observe that for N = 100, at lower
volume fractions of the coil block (0.22 ≤ fA ≤ 0.28), the earlier onset of
orientational ordering also drives the ODT to lower values of χ1N .
As more explicitly demonstrated in our SST model, for the parameter-
ization adopted in this study the effective repulsion between the coil and LC
blocks depend on the orientational order parameter (cf. Section 3.4.2). Con-
sequently, a nonzero value of the orientational order parameter renders the
effective repulsion stronger and hence lowers (χ1N)C .
3.3.3 Summary of Results From Other Parametric Stud-
ies
We also determined the effects of using different values for the rod lengths
(m = 3, 9 and 11) and Maier-Saupe parameters (µ/χ = 10) upon the phase
diagram (in each individual case the remaining parameters were fixed at values
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Figure 3.6: (a) Self assembly phase diagram obtained from 2D calculations
for the parameters are N = 100 and m = 5. Microphase separation and
isotropic-smectic transition occurred at the same value of χ1N for this para-
metric case. (b) Comparison of microphase separation transition and isotropic-
nematic transition (I-N) of the rods units for two cases: N = 200 and m = 5,
and N = 100 and m = 5.
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corresponding to Fig. 3.2). In all cases, the results obtained could be under-
stood in an intuitive manner (and more explicitly through the SST model
presented next section), and hence we restrict ourselves to a brief discussion of
our findings. For all the cases examined, microphase separation transition was
found to be a necessary condition for the occurrence of I-N transitions. Over-
all, the self-assembly morphologies and the order-order transitions were only
slightly influenced by parameters such as m and µ. Moreover, except for small
values of fA, the microphase separation transition temperature ((χ1N)C) was
only weakly affected by the values of the rod length m and the Maier-Saupe
parameter µ. In contrast, the orientational ordering transition ((χ1N)I−N)
was observed to monotonically decrease upon increasing either the length of
the rod block and/or Maier-Saupe parameter. The stronger tendency for ori-
entational ordering can be rationalized as arising from the stronger excluded
volume interactions and the more pronounced tendency to orient in longer rods
and/or for stronger interactions. In contrast, since in majority of the phase
diagram microphase separation transition occurred when the rod units were
still in the isotropic phase, and such a transition was much less influenced by
the rod length.
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3.4 Strong Segregation Theory For Ordering
in SCLC
We note that strong segregation theories (SST) have played an important role
in the theoretical descriptions of morphologies observed in multicomponent
polymeric materials [1, 90, 94, 95]. The results presented in the preceding sec-
tion suggested that morphologies observed in SCLC parallels those observed in
flexible diblock copolymers, except with the additional possibility of orienta-
tional ordering within the mesophases. These results motivated us to examine
whether a SST approach can be developed for predicting the morphologies
observed in SCLC.
3.4.1 Model and Governing Equations
To enable a SST development, we distill the model and physics of self-assembly
in SCLC polymers into a few key features and assumptions: (i) The rod units
are assumed to contribute to an increased monomeric volume of the B seg-
ments. In turn, the latter affects the interfacial tension of AB interphases;
(ii) The effective interaction between A and B blocks depends upon the ori-
entational order parameter in the corresponding phase; (iii) The orientational
ordering of the rod mesophases can be discerned by adopting the classical
Maier-Saupe theory adopted to account for the volume fraction of rods in the
mesophase; (iv) As always, SST is expected to be valid only for the situation
of strongly segregated phases wherein the interfacial thickness is small [89]. In
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Section 3.4.3 we discuss some limitations of these model assumptions.
Our approach involves an estimation of the free energies of: (a) Disordered-
Isotropic, (b) Disordered-Nematic, (c) Ordered-Isotropic, and (d) Ordered-
Nematic phases to determine the preferred phase. In SST, all free energies
are evaluated either for a compositionally homogeneous state or a completely
segregated state. In either case, estimation of the effective volume fractions
and the enthalpic interactions prove straightforward. For ordered phases, the
additional free energy contributions arising from the interfacial tension and
stretching free energies have been evaluated for flexible diblock copolymers
and can be adapted to our context.
Isotropic-Nematic Transitions Among the different possible phases, the
transitions between the isotropic and nematic phases (in both the disordered
and ordered regimes) are governed only by the Maier-Saupe parameter µ and
the effective rod volume fractions in that phase. Explicitly, in the Maier-Saupe




dθf(θ) ln[f(θ)] sin θ − mµφR
2
S2, (3.25)
where f(θ) denotes the angular distribution of the rod orientations and nor-
malized such that ∫




dθf(θ)P2(cos θ) sin θ, (3.27)
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where P2(x) denotes the Legendre polynomial of second order. Minimizing
over f(θ) yields a first order phase transition between an isotropic and nematic
phase at
(mµφR)C = 4.541. (3.28)
The effective volume fractions of the rods can be estimated in the dis-
ordered and ordered phases as φDR = m(1− fA)/(m+ 1) and φOR = m/(m+ 1)
respectively. Whence, for a given χ (recall that our parameterization fixes
the ratio µ/χ), the relative preference (within either a disordered or ordered
phase) for an isotropic vs. nematic phase and the respective orientational or-
der parameters can be evaluated apiori by checking if mµ(φDR , φ
O
R) > 4.541 and
subsequently minimizing the above functional eq. (3.25) to determine the or-
der parameter within that phase. Subsequently, to discern the order-disorder
transition (ODT) it just suffices to compare the free energies of an ordered
and a disordered phase with predetermined orientational ordered parameters
SO and SD respectively.
Order-Disorder Transitions To determine the order disorder transitions
we adopt many of the earlier developments in the context of flexible diblock
copolymers, while making allowance for the possible difference in free energies
due to the differences in order parameters SO and SD. We use a model of
a flexible A-BR block copolymer containing N segments with the segmental
volume of the A units ρ−10 and the segmental volume of the BR units (m+1)ρ
−1
0 .









;VC = VA + VBR (3.29)




















Hence, the copolymer chain may be viewed as a flexible Gaussian chain of
N(1 +mfA)/(1 +m) effective monomers.
The difference in free energies between the ordered and disordered
phases are expressed as:
(F ord − F dis)
kBT
= ∆Fbulk + Fint + Felastic. (3.31)
In the above, ∆Fbulk denotes the bulk free energy difference between the or-
dered and disordered phases, Fint and Felastic represents the interfacial and
elastic free energy costs in the ordered phases. ∆Fbulk can be estimated as (on









In the above, the first term arises from the enthalpic contributions due to
repulsions between A and (B+R) segments. The second term represents the
difference in the Maier-Saupe interactions due to a possible difference in the
orientational order parameter between the disordered and ordered phases. The
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dθf(θ) ln[f(θ)] sin θ. (3.33)
[The last two terms in eq. (3.32) are identical to those in eq. (3.25)]. It is
evident from the first two terms of eq. (3.32) that the effective repulsions
between the A and BR blocks are dependent upon the value of the orientational
order parameter S. This feature can be seen more clearly by noting that the











In the approximation used in the SST model, φR = mφB = m(1−φA)/(m+1).











[φA − (φB + φR)2] + other terms, (3.35)
rendering more clearly that the repulsions between A and BR blocks are gov-








To estimate Fint we rely on our model of a conformationally asymmetric
diblock copolymer for which Helfand and Sapse have computed the interfacial
tension [95]. Explicitly, the interfacial tension γABR for a conformationally
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asymmetric diblock copolymer with monomeric densities ρ0 and (m + 1)
−1ρ0







2[(m+ 1)3/2 − 1]
3m(m+ 1)
. (3.37)
Strictly speaking, the above expression is only approximate for our situation
where the inhomogeneous variations in the orientational order parameter S
is also expected to influence the interfacial tension between the phases. The
latter is an effect not accounted within our SST model.
To estimate the elastic energy contribution Felastic (and the area per
chain required to compute Fint from eq. 3.37) requires us to consider differ-
ent possibilities for ordered phases. In line with our SCFT calculations, we
restrict our consideration to the cases of lamellar structures, A-cylinders and
BR cylinders. For each of these situations, we adapt the calculations of Felastic
presented by Semenov [90].
(i) Lamellar Phases: For a lamellar phase of period 2h, the thicknesses
of A and BR brushes can be estimated as hA = fAh and hBR = (1 − fA)h.






fA (mfA + 1)
(m+ 1)
+ (1− fA) (mfA + 1)
)
(3.38)


















(ii) Cylindrical phases: The free energy (per chain) of a convex molten
cylindrical brush made of a polymer with Nx monomers and with inner radius
Ri and outer radius Ro is: [90]
F cylout =
3(R2o −R2i ) log(Ro/Ri)
4b2Nx
. (3.40)
The free energy (per chain) of a concave molten cylindrical brush made of a







(a) A cylinders: For cylindrical structures with A chains forming the internal
phase of the cylinder with a radius Ri, the thickness of the external (BR phase)
cylinder (i.e. Ro−Ri above) can be estimated as Ri/
√
fA. The interfacial area
per chain is: 2fAN/ρ0Ri.
(b) BR cylinders: For cylindrical structures with BR chains forming the
internal phase of the cylinder with a radius Ri, the thickness of the external
(A phase) cylinder (i.e. Ro−Ri above) can be estimated as Ri/
√
1− fA. The
interfacial area per chain is: 2(1− fA)N/ρ0Ri.
The sum total of elastic and interfacial free energy costs in different
phases (as function of h and Ri respectively) can be minimized with respect to
the h and/or Ri to yield the preferred period and hence the elastic and interfa-
cial free energy costs of forming the ordered structure (to maintain brevity we
do not display the explicit expressions for the periods and radii in the text).
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A comparison of the relative free energies of the ordered phases then allows
one to discern the preferred ordered phase if the system were to order. The
free energy cost of the preferred ordered phase when combined with ∆Fbulk
allows us to compare the relative preference for ordering and hence the order-
disorder transition temperatures. In the next subsection, we mainly discuss
the physical insights derived from such a model and a brief comparison to the
SCFT results.
3.4.2 Physical Insights From SST
Within the assumptions of our model, the main outcome of our SST calcula-
tions is the identification of the primary driving forces behind the orientational
and compositional ordering. As seen from eq. (3.28), the orientational order-
ing is dependent only on the parameters µ,m and φR. The only effect of
compositional ordering transitions upon the I-N transition is suggested to be
a renormalization of the effective volume fraction of the rods φR which differs
between the ordered (but is independent of the nature of the ordered phase)
and disordered phases. Moreover, in the ordered phase φR is independent of
the volume fraction of the A phase fA. These features rationalize the fact that
in the phase diagrams presented in Figs. 3.2 and 3.6, where the I-N transitions
occur within the ordered phases, the lines corresponding to I-N transitions
(I-N) appear practically independent of fA.
The above arguments also allow us to comment on the onset of I-N
transitions relative to the order-disorder transition. Indeed, our SST model
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suggests that while it is certainly easier for orientational ordering to occur in
the compositionally ordered phases (due to a larger effective φR), nevertheless
orientational ordering in the compositionally disordered phases is also possible
for appropriate parameters of µ,m and φDR . Moreover, since φ
D
R ∝ 1−fA, such
a transition is more likely for smaller values of fA. This conclusion is broadly
consistent with the results presented in section 3.3.2 and the experimental
observations of Zheng and coworkers who had observed that for lower molecular
weights and higher LC block volume fractions, the ODT coincided with the
I-N transition temperature [29].
The SST model predicts the orientational ordering to depend only on
the Maier-Saupe interaction parameter µ and to be independent of the χ pa-
rameter (our SCFT model fixes the ratio µ/χ thereby endowing a fictitious
dependence on χ). On the other hand, from eq. (3.32) it is seen that the ODT
can indeed be influenced by the orientational ordering if the rods are either
orientationally ordered in the disordered phase itself or if the transition to
the compositionally ordered phase is also accompanied by a I-N transition. In
either of these instances, the orientational order parameters SD and SO will
be such that SO > SD. From eqs. (3.32) and (3.36) it can be seen that this
results in a free energy preference for compositionally segregated phases, and
in turn can be viewed as an increase in the effective χ parameter between
the A and B blocks. Finally, for the situation when the ODT occurs between
two isotropic phases, our SST model suggests that the self-assembly char-
acteristics (including order-order transitions) expected to semi-quantitatively
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resemble the phase behavior of conformationally asymmetric diblock copoly-
mers. The phase diagrams presented in Figs. 3.2 and 3.6 certainly accord with
this expectation.
3.4.3 Comparisons of SST Results to SCFT
While the SST is much simpler to implement than SCFT calculations and
provides physical insights, the model assumptions restrict its applicability to
only a special class of situations. Even discounting the typical limitations of
SST (i.e. its validity only for extremely strong segregations) [89], a significant
assumption of our model is in our characterization that the main effect of the
rod units is in its contribution to an increased monomeric volume of the B
segments. This assumption is expected to be valid only under the combined
situation of short rods and near perfect orientational ordering in the compo-
sitionally ordered mesophases — a combination which is extremely hard to
achieve in reality. Indeed, when rods transverse more than (approximately)
the segment length b of the flexible components in the XY plane (the plane of
compositional ordering) they can no longer be regarded as just contributing
volume to “a segment” of the backbone. Moreover, the interplay of rod orien-
tations and the compositional inhomogeneity near the interfaces is also certain
to render the expression (3.37) suspect for our system. Whereas, the SCFT
model suffers from no such limitations and can in principle handle arbitrarily
long rods and segregations.
Considering the above aspects, it is to be expected that the comparison
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between SCFT and SST would at best be qualitative with the correspondences
becoming better for shorter rod conditions. Since in our SST model, the rod
length scales with the m parameter this would be expected for smaller m val-
ues. In Fig. 3.7a, b and c we display results which illustrate this expectation.
Figure 3.7a presents the SST results corresponding to the SCFT results pre-
sented Fig. 3.6 where m = 5 and N = 100. In contrast, Figs. 3.7b and 3.7c
present the SCFT and SST results corresponding to N = 100 and m = 3. It
can be seen that while in both cases SST predicts the qualitative trends very
well (including the ODT values, a regime where SST is actually expected to be
inaccurate), a quantitative correspondence is achieved between the morpholo-
gies displayed in Figs. 3.7b and c which correspond to the case of shorter rods.
However, the I-N lines are observed to be shifted upward in the SCFT results
compared to the SST results. This observation can be rationalized by noting
that the I-N lines in SST assumed a perfect segregation of the components
right at the ODT. In reality, this condition is not met until much higher χ1N .
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Figure 3.7: (a) SST phase diagram for the parameters N = 100 and m = 5. (b)
SCFT phase diagram for the case N = 100, m = 3 and β = 1. (c) SST phase
diagram for the case N = 100 and m = 3. In (a) and (c) the I-N transition
lines coincide with the ODT’s for a major portion of the phase diagram.
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3.5 Conclusions
In this chapter, we have proposed a self-consistent field theoretic model and
a SST based analytical theory to understand the thermodynamic behavior of
side chain liquid crystalline diblock copolymers. In the SCFT model, the effect
of side chain mesogenic units were accounted by incorporating rod-like units
attached to every monomer of the flexible backbone. This model allowed us to
combine the orientational ordering interactions of the rod segments with the
mean field theory of flexible diblock copolymer. We solved the model to study
the various 2D morphologies and the orientational characteristics of the rod
segments as a function of molecular weight, rod length, interaction parameters
and volume fraction of each block. The morphologies observed were similar
to the ones found for the case of flexible diblock copolymer, with additional
possibility for smectic orientational ordering. An important result of our simu-
lation was that for the parameter space probed, the microphase separation was
a necessary condition for the development of orientational ordering. Cylindri-
cal morphologies with the LC block in the dispersed or the continuous phases
were observed. The orientational ordering was always observed to be parallel
to the block copolymer interface, and in the case of cylinders, parallel to the
axis of cylinders. The orientational ordering transition was observed to be
favored by reducing the molecular weight of the polymer and/or by increasing
the rod length. Another interesting result was the effect of orientational inter-
actions in influencing the ODT of the block copolymer in the regime of higher
volume fractions of the LC block. While we presented limited representative
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parametric results, the advantage of the SCFT model is that it makes the ex-
ploration of the vast parametric space involved in the system easily amenable.
Moreover, extensions to SCLC with a longer alkyl spacer (modeled as another
polymer) [29], multiblock SCLC, solutions of SCLC etc. can be accomplished
in a straightforward manner.
The SST model was based on a simpler representation of the SCLC
block copolymer as a conformationally asymmetric block copolymer. The rod
units were assumed to mainly influence the effective volumes of the individual
monomers except in the situation wherein the orientational ordering occurred
on or before the ODT. We adapted the classical SST ideas for flexible diblock
copolymers to discern the qualitative features of the phase diagram. The main
utility of the SST model was in its ability to provide physical insights and
thereby rationalize the observations accompanying our SCFT model. We also
clarified the parametric conditions under which the SST model is expected to
accord with the SCFT results and provided evidence supporting our claims.
This semi-quantitative comparisons obtained between SCFT and SST model
does suggest that the ordering in a wider class of SCLC block copolymers may
fruitfully be understood by combining many of the earlier developments in








Recent developments in catalysts have led to the synthesis of multiblock copoly-
mers containing semicrystalline polyolefins as potential thermoplastic elas-
tomeric materials [51]. Conventional thermoplastic elastomeric block copoly-
mers, such as poly-(styrene-b-butadiene-b-styrene) (SBS), poly(styrene-b-isoprene-
b-styrene) (SIS) etc. typically use microphase separated morphologies in which
the glassy hard blocks which act as crosslinks for the soft rubbery blocks. This
arrangement leads to the high levels of elasticity and toughness desired of ther-
moplastics for applications [48, 49, 50]. The more recent developments aim
to mimic such characteristics in multiblock copolymers by either linking crys-
talline polyolefinic end blocks to soft polyolefinic middle blocks [51, 36] or
by linking brittle glassy hydrogenated polystyrene blocks to softer crystalline
polyethylene blocks [48, 11, 52]. These newer class of materials have been
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reported to have low Young’s moduli, large strains at break, and excellent
elastic recovery properties rivalling even commercial thermoplastic elastomers
[51]. Not surprisingly, understanding the link between the block architecture,
block physical properties, and the resulting mechanical properties of such ma-
terials is currently an area of active research.
Many experimental studies have clearly shown that there is a strong
correlation between the chain conformations of multiblock copolymers and
their mechanical properties and modes of material failure. Explicitly, chains
in multiblock copolymers can either be in free (F), bridged (B) or loop (L) con-
formations (indicated in Fig. 4.1 for diblock, triblock and pentablock copoly-
mers). Of these conformations, bridges have been directly implicated in the
context of mechanical properties. Physically, it may be understood that the
domains of block copolymers that do not contain bridges provide easy planes
for failure and hence lower mechanical strengths [53]. For instance, experi-
ments studying PCHE(C)-PE(E) multiblock copolymers have shown that the
failure mode changes from a brittle to ductile upon changing the architec-
ture from a triblock copolymer (which contains “bridged” planes only in the
E domains) to pentablock copolymers (which contains “bridged” planes in
both E and C domains) [48, 52]. Moreover, addition of even 10% pentablock
copolymers to the triblock copolymers have been shown to lead to significant
increases in the value of strain at failure for the composite, apparently due to
the reduction in the number of such failure planes [53]. More directly, a recent
study by Phatak and coworkers focussed on the bridging conformations in the
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crystalline E domains of triblock, tetrablock, and pentablock copolymers and
found that irrespective of the chain architecture a universal correlation can
be established between the tensile strength of the material and the fraction of
bridging in semicrystalline E domains [11].
Figure 4.1: Schematic of bridging (B), looping (L), and free (F) conformations
in AB diblock, ABA triblock, and ABABA pentablock copolymers. A bridging
(B) conformation occurs when the ends of a middle block in a multiblock
copolymer lie on different interfaces, whereas in a looped (L) configuration,
both the ends lie on the same interface. In a free (F) conformation, only
end of a chain is tethered to an interface, while other end is free. Solid line
represents A chain, while the dotted line represents B chain. The dashed
horizontal lines represents the planes of failure in the two domains in diblock
and triblock copolymers.
There have been several prior theoretical studies quantifying the differ-
ent chain conformations in microphase separated phases of flexible multiblock
copolymers. Zhulina and Halperin [54] utilized a self-consistent field (SCF)
based approach to obtain a scaling of equilibrium bridging fraction (fbr) in
flexible ABA triblock copolymers as a function of chain length, N . They pre-
dicted that the equilibrium bridging fraction was quite small in the strong
segregation limit. Spontak et al. [97] modified the calculations of Zhulina
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and Halperin, and obtained a much higher value for equilibrium bridging frac-
tion in ABA copolymer. Matsen and Schick [98] employed a lattice based
SCFT formalism and found that fraction of bridging in lamellar phases of tri-
block copolymer was typically in the range fbr ≈ 0.4, and had only a weak
dependence on the chain length and relative volume fraction of each block.
Later studies extended the methodology to study cylindrical and spherical
morphologies in triblock copolymers, and found that the results did not de-
pend sensitively on the degree of segregation or the relative volume fraction
[99]. Recently, Drolet and Fredrickson adopted a similar SCFT based approach
to suggest strategies to modulate the bridging fraction in ABABA pentablock
copolymers to potentially optimize the toughness and strength of the material
[19].
While much of the above studies have focused on the case of flexible
multiblock copolymers, to our knowledge, none of the prior theoretical studies
have explicitly addressed the issues of bridging and looping conformations in
the more experimentally relevant system of semicrystalline multiblock copoly-
mers. While some of the qualitative features of earlier studies are expected to
hold equally well for semicrystalline copolymers, the ability of one (or more)
of the blocks to crystallize and fold is expected to impact the quantitative
details pertaining to the fraction of bridges and loops. A predictive approach
to characterize such features is however necessary to optimize the properties
in the proposed applications for semicrystalline multiblock copolymers.
In this chapter, we seek to use a simple model to mimic polymer crys-
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tallization (elaborated in the next section) to explicitly address the issue of
bridge and loop conformations in semicrystalline multiblock copolymers. Our
study specifically considers the chain conformations in the lamellar morpholo-
gies of ABA, BAB, ABABA and BABAB copolymers (with B representing the
crystallizable unit), and demonstrate that chain folding of the semicrystalline
unit can have a significant effect (relative to the case of flexible multiblock
copolymers) upon the number of bridges in the semicrystalline and flexible
domains. Our results underline the importance of accounting for crystalliza-
tion effects in optimizing the properties of multiblock copolymers, and our
model provides a simple framework to do so in the context of more complex
morphologies and/or systems involving blends of different copolymers.
The rest of the chapter is arranged as follows: In the next section, we
elucidate the important features of our model. We present the mathematical
and numerical details in Section III. The section IV focusses on the effect
of chain sequence and crystallinity (or rigidity) of B chains on the bridging
fractions in triblock and pentablock copolymers. We discuss and compare our
observed results with existing theoretical and experimental studies.
4.2 Background and Description of Model
There has been a long history of theoretical models aiming to describe the
crystallization of polymers. Broadly speaking, such models can be classified
into two categories, viz., equilibrium and kinetic approaches. Equilibrium ap-
proaches of polymer crystallization view the phenomenon as one determined by
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equilibrium thermodynamics of the interplay between polymer conformational
statistics, packing effects, and the interchain interactions. One of the earliest
such ideas was implemented by Flory who studied the statistical mechanics
of a semiflexible chain on a lattice [41]. Flory postulated that chain stiffness
and packing entropy are the primary driving forces for polymer crystallization,
and that the attractive forces between chain segments (enthalpic effect) only
serve to modify the location of the transition. More advanced models invok-
ing lattice approaches [100, 101], density functional formalisms [102, 103], and
Monte Carlo simulation approaches [104, 105] have served to refine some of the
deficiencies in the Flory’s original model and predict more detailed features of
polymer crystallization. Kinetic approaches to polymer crystallization on the
other hand are motivated by experimental observations which have suggested
that in many cases, crystallization of homopolymers results in a kinetically
arrested state with morphologies such as folded lamellae or spherulites. Ap-
propriate models and simulations have been developed to explain the charac-
teristics and the growth of such arrested states [106, 107, 108, 109].
In contrast to crystallizable homopolymers, in many situations, semicrys-
talline block copolymers exhibit equilibrium structures characterized by an in-
terplay between block copolymer microphase separation and the crystallization
of one of the components [12, 34, 33, 110]. In such structures, the equilibrium
chain folding is set by a compromise between the extended chain configuration
favored by the crystalline component [106] and the random coil configura-
tion favored by the amorphous polymer [12, 34]. Depending on the interplay
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between these features, one could potentially have a scenario where crystalliza-
tion precedes microphase separation or alternatively the crystallization may
occur within the microphase separated morphologies. The earliest theoretical
works in this context were based on scaling theories aimed towards determin-
ing the domain scaling in semicrystalline diblock copolymers as a function of
the degree of polymerization of the two blocks [38, 39]. Subsequently, a self-
consistent mean field theory for the folded lamella phase was developed by
Whitmore and Noolandi [40], and found slightly different scaling exponents
for domain thickness as a function of degree of polymerization than the earlier
scaling models. Monte Carlo simulations have also been used to determine the
orientation of crystallites inside a semicrystalline diblock copolymer [105].
Self-consistent field theory (SCFT) has emerged as a powerful compu-
tational tool to study the equilibrium thermodynamic properties and struc-
ture of block copolymer melts, solutions, and semiflexible block copolymers
[17, 18, 1, 111]. Since the structure development in semicrystalline block
copolymers is an equilibrium process [38], one might hope that an extension of
SCFT to crystallizable block copolymers would open up the avenue for apriori
predictions of the structure (and properties) of multiblock copolymers without
requiring one to posit the folded states of the polymer. Unfortunately, this is
not a straightforward task since much of the advances in SCFT relies on the
assumption that monomer scale packing effects are not relevant in determining
the mesoscopic structures of the multicomponent polymers [17]. In contrast,
crystallization is a phenomenon where such packing effects play a crucial role
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in determining both the onset and the structure of the crystallites [102, 103].
While some notable efforts have pursued the idea of developing generalized ver-
sions of density functional theories for polymers, such models would require
significant numerical effort for maintaining the exploratory nature of SCFT
[103, 102]. Consequently, in this study we choose to adopt a model which
exhibits characteristics which have similarities to polymer crystallization but
nevertheless is tractable enough to effect a numerical solution of the SCFT to
obtain information on the chain conformations in multiblock copolymers for
calculating bridging fractions.
We model semicrystalline block copolymers as a combination of a flexi-
ble rubbery unit (A) and a crystalline unit (B). We assume that the enthalpic
interactions between the A and B units can be characterized by a Flory Hug-
gins interaction in the form of a χ parameter which drives their segregation
[111]. In line with earlier studies, we adopt the model of a flexible Gaus-
sian chain to model the A polymer. The model we adopt for the B polymer
is inspired by the ideas proposed by Flory in the context of homopolymer
crystallization and more recently adapted by Frenkel and coworkers in their
simulation studies [104, 105, 43]. Specifically, we assume that the B polymer
possesses an inherent rigidity which favors chain conformations with some
persistence length. Moreover, we also assume that the chain rigidity increases
upon lowering the temperature, thereby enhancing the propensity to form
extended chain configurations at lower temperatures. While these two ingre-
dients suffice for the block copolymer to form phases with folded B chains
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(within microphase separated morphologies), in the absence of packing effects,
the folds in such chains will not exhibit any translational or orientational or-
der. To improve this deficiency, we assume the existence of an attractive
orientational interaction between the B segments in the form of Maier-Saupe
potential which favors the formation of parallel bonds [96]. In other contexts
[112], preliminary explorations with a more realistic Onsager-type interaction
gave qualitatively similar results with however significantly enhanced numer-
ical complexity. Consequently, we decide to adopt the simpler Maier-Saupe
potential for results presented in this chapter. With appropriate choices of
bending penalty and Maier-Saupe parameter, the semiflexible polymer will
undergo isotropic-nematic (I-N) transition upon lowering the temperature [96]
which we assign as a signature of the crystallization transition [43].
The above simplifications and rationale lead to the model of semicrys-
talline block copolymers as a combination of semiflexible and flexible polymer
units, with a temperature dependent rigidity and orientational interaction be-
tween the semiflexible units. Strictly speaking, upon lowering the tempera-
ture our block copolymer model exhibits only a transition to a smectic phase
rather than a crystalline phase. Capturing the translational order and/or the
modeling accurately the density of the crystalline phases however requires in-
corporating nonlocal packing interactions along the lines of the sophisticated
density functional theories mentioned above [102, 103]. However, to maintain
numerical simplicity, and moreover since we wish to focus on one-dimensional
lamellar phases, as an approximation we neglect such nonlocal packing effects.
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However, we also demonstrate in a later section, that our model captures the
formation of microphase separated morphologies within which the crystalline
component forms folds which are oriented with respect to each other, and al-
lows us to analyze the effect of such conformations on the bridge and loop
properties.
We note that there have been prior researches (albeit, motivated on
different grounds) on implementing SCFT for models similar to the one we have
adopted [112, 111]. Matsen conducted an SCFT study of melt of semiflexible
diblock copolymers to understand the effect of rigidity on domain spacing and
interfacial width [111]. Duchs and Sullivan adopted an SCFT formalism for
dilute solutions of semiflexible diblock copolymers to understand the phase
transitions in rod-coil block copolymers [112]. Both these models utilized
the wormlike chain description to study semiflexible chains. However, there
are subtle differences between our model and previous models. Matsen did
not consider orientational interaction between semiflexible segments in the
formulation. Duchs et al. utilized Onsager excluded volume interaction (and
the absence of any segregative enthalpic interactions) to induce local alignment
of polymer chains in contrast to the Maier Saupe potential that we utilize in
our model. Moreover, both Matsen and Duchs considered only the case of
diblock copolymers (in contrast to the focus on multiblock copolymers) and
modeled both components as semiflexible polymers.
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4.3 Model and Numerical Details
In this section, we outline the field theoretic formulation for a flexible-semiflexible
diblock copolymer. The extension to triblock and pentablock copolymers is
straightforward. The SCFT formulation for semiflexible polymer are adapted
from earlier theoretical developments [113, 111, 114].
We consider a canonical ensemble of an incompressible melt of n chains
of symmetric (f = 0.5) flexible(A)-semiflexible(B) diblock copolymer in a vol-
ume V . The monomer units of flexible and semiflexible chain are characterized
by different statistical length b and a, respectively. For simplicity, each flexi-
ble and semiflexible monomer is assumed to have the same monomeric volume,
ρ−10 . The degree of polymerization of the block copolymer is denoted by N .
The size asymmetry of the two blocks is denoted by a nondimensional param-
eter, β (≡ aN/b(N/6)1/2). In the following description, all the lengths are
nondimensionalized by the unperturbed radius of gyration (Rg = b(N/6)
0.5).
The diblock copolymer is parameterized with a continuous variable “s”
along the contour of the polymer. The variable “s” is nondimensionalized by
the overall degree of polymerization, N . Explicitly, s = 0 at the beginning of
the flexible A block, s = f at the junction of the two blocks, and s = 1 at
the end of semiflexible block B. Using this parametrization, the space curves
Rα(s) (where α = 1, 2, ..., n indexes different polymers) are used to describe
the different conformations of the polymer. The microscopic nondimensional
volume fractions of A, B, and the orientational order parameter for B block
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The overall melt is assumed to be incompressible i.e.,
φ̂A(r) + φ̂B(r) = 1. (4.2)
The flexible block is modeled as Gaussian chain which possesses a stretching











The bending rigidity or the persistence length of the semiflexible B chain is
denoted by λ (nondimensionalized by N). It measures the stiffness of the
chains and represents the distance along the contour of a semiflexible (worm-
like) chain over which the orientational correlations decay [17, 99]. Increasing
the rigidity (or decreasing the temperature) favors the extended conformation
of the coils. If the vector uα(s) denotes the orientation of the αth polymer at
contour position s, then the total bending energy for semiflexible component
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The repulsive interactions between the two different types of blocks are quan-
tified using the Flory-Huggins interaction parameter χ, which denotes the
enthalpic strength of repulsive interactions. The enthalpic contribution to the






A key ingredient which mimics the formation of parallel folds in our model
is an attractive interaction between parallel segments. Previous studies have
included attraction between segments in parallel orientation to describe poly-
mer crystallization in homopolymers and block copolymers [105, 43, 102]. Our
model incorporates such an anisotropic interaction by using Maier-Saupe po-
tential, which is a mean-field theory description for modeling anisotropic ori-
entational interactions [96]. The strength of such orientational interactions
depend on the parameter Maier-Saupe µ, the magnitude of which quantifies






dr Ŝ(r) : Ŝ(r). (4.6)
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The overall partition function for this system can be written as
Z ∝
∫












The first delta function in Eq. (4.7) ensures the incompressibility in the system,
while the other two delta functions ensure that uα(s) is a unit vector, and that
each contour segment has fixed length a.
In a field-theoretic framework, quadratic interactions above can be de-
coupled by introducing fluctuating chemical potential fields conjugate to the
density and the orientational order parameters [18]. Self-consistent field equa-
tions can subsequently be obtained as a saddle-point of the resulting field
equations. Since the details of these transformation are similar to those elabo-
rated in earlier researches, [17, 18] we eschew repeating them here. The result
of such an implementation leads to the following equations for the local volume


































In the above, qA(r, s) represents the statistical weight for an A chain of length




qA(r, s) = ∇2qA(r, s)−WA(r)q(r, s); qA(r, s = 0) = 1 (4.9)
qB(r,u, s) represents the end-segment distribution function for a B polymer
of length “s” to have its end at position r, with orientation u [17, 111] in
an external potential field WB(r) and an orientational tensor field M(r) and
satisfies a modified diffusion equation of the form:
∂
∂s











∇2uqB(r,u, s); qB(r,u, s = f) =




q†A(r, s), and q
†
B(r,u, s) are analogous to qA(r, s), and qB(r,u, s) respectively,
except that s is measured from the other end (beginning of semiflexible B
chain). The initial conditions for these end-segment distribution functions are
defined as




q†A(r, s = f) =
∫
du q†B(r,u, s = f).
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du qB(r,u, s) (4.12)
The self-consistency aspect of the above equations is ensured by postulat-
ing that the potential fields WA(r),WB(r), and M(r) are in turn related to
φA(r), φB(r) and S(r) through:
1
χN
[WB(r)−WA(r)] = φA(r)− φB(r) (4.13)




4.3.1 Expansion in Spherical Harmonics
To evaluate the single chain partition function(Q) (Eq. (4.12)), volume frac-
tion (φB(r)) (Eq. (4.9)), and orientational order parameter (S(r)) (Eq. (4.9))
for the semiflexible B block, we need to solve for the diffusion equation for
qB(r,u, s), and q
†
B(r,u, s) (Eq. (4.10)). For this purpose, we expand the ori-
entation dependencies of these end segment distribution functions in spherical
harmonics (Strictly speaking, for the one dimensional morphologies considered
in this chapter, an expansion in Legendre polynomials would suffice). How-
ever, to maintain generality, we present the appropriate equations in the full
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The initial condition for the coefficients are qlm(r, s = f) = (1/
√
4π)qA(r, s =




















































m′′,m′,m above denote the Clebsch-Gordan coefficients.[112, 115] The elements



















































































































dr q00(r, 1), (4.17)





















(−1)m′Aqlm(r, s)q†l′m′(r, 1− s).
This formulation of diffusion equation for semiflexible chain is quite similar
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to the one adopted by Duchs et al.[112], except for the appearance of M(r)
(arising from Maier-Saupe potential), instead of an Onsager term in their
treatment.
4.3.2 Numerical Implementation
Daoulas et al. [113] pointed out numerical instability issues with forward
time-centered scheme (FTCS) adopted in the earlier work [112]. Therefore,
we utilize the Lax-Wendroff numerical scheme suggested by Daoulas et al.[113,
116] to solve for the coefficients qlm(r, s) for a specified values of the potential
fields (WB(r), M(r)). We utilized Crank-Nicholson scheme to numerically
integrate the modified diffusion equation for propagators for the flexible coil,
qA(r, s) and q
†
A(r, s) [93]. The contour discretization (normalized by N) along
the flexible polymer was chosen to be 0.0025, while the contour discretization
(normalized by N) along the semiflexible chain was chosen to be in the range
6.25×10−4-0.001. The space discretization (normalized by Rg) was chosen to
be 0.066.
The self-consistent potential fields W (r), π(r), and M(r), Eq. (4.13) are
solved to achieve self-consistency are obtained by using a real-space approach
developed by Fredrickson and coworkers [18]. The pseudo evolution equations
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involved in the scheme are:
∂WA(r)
∂t
= −λWA(WA(r)− χN(φB(r) + π(r)), (4.19)
∂WB(r)
∂t
= −λWB(WB(r)− χN(φA(r) + π(r)),
∂π(r)
∂t










where λWA, λWB, λπ, and λM are fictitious mobility coefficients. Iteration
of the above equations results in the equilibrium values of self-consistent po-
tentials (WA(r), WB(r), π(r), and M(r)), and hence, the volume fraction and
orientation fields for a given periodic box size. The equilibrium density profiles
are obtained by effecting this procedure over different box sizes to obtain the
configuration with the lowest free energy.
4.3.3 Calculation of Bridge and Loop Fractions
The procedure for calculating the looping/bridging fractions in multiblock
copolymers is adapted directly from the earlier researches of Matsen [98], and
Drolet and Fredrickson [19]. To maintain brevity, we refer the reader interested
in the details to the original articles.
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4.4 Results and Discussion
Our study aims to shed light on the chain conformations, specifically, the bridg-
ing and looping fractions in the models of semicrystalline multiblock copoly-
mers studied in recent experiments [53, 11, 117, 52]. Specifically, our interest is
in shedding light on the question “how does the formation of oriented foldlike
conformations affect the bridging and looping fractions in different sequences
of multiblock copolymers ?” In our model, the formation of folds and their
orientation is driven by an interplay of the chain rigidity λ (Eq. (4.4)) and
the Maier-Saupe interaction parameter, µ (Eq. (4.6)). We seek to answer the
preceding question in a systematic manner by studying the effect of stiffness of
the chain upon bridging fractions in different sequences of multiblock copoly-
mers. In this manner, we are able to probe the transition from the limit of
“flexible” block copolymers to the limit of “crystallizable” block copolymers.
We will demonstrate that this transition has interesting consequences for the
bridging fractions of both the flexible and the semiflexible component.
The self-assembly behavior of the model elaborated in the previous sec-
tion is governed by a number of parameters: Flory-Huggins interaction param-
eter (χN), Maier-Saupe parameter (µN), chain rigidity (λ), size asymmetry
ratio of the two monomers (β), and the relative volume fractions of different
A and B blocks. In the next section we demonstrate that the effects of chain
folding and crystallization may be studied by varying the rigidity (λ) of the
semiflexible polymer B. Consequently, our results keep χN and µN fixed and
while considering only values of µN for which the orientational (crystalliza-
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tion) transition occurs within the self-assembled morphologies, probe the role
of λ upon the different chain conformations. Since we consider density inho-
mogeneities in only one direction, we are concerned only with formation of
lamellar morphologies. In all the cases we studied, the nematic ordering in
semiflexible B block was observed to be in the direction perpendicular to the
lamellar interface.
Preliminary to discussing bridge and loop properties of multiblock copoly-
mers, we present a brief discussion of the density and orientational order pro-
files in semicrystalline diblock copolymers. Much earlier work has been accom-
plished in the context of both flexible and semicrystalline diblock copolymers,
and it proves of interest to compare the results of our model with these earlier
predictions [38, 40].
4.4.1 Diblock copolymers
We first present results illustrating the manner by which our model mimics the
qualitative features of crystallization in block copolymers. For this purpose,
we probe the role of the parameter χN while keeping the ratios µN/χN and
λ/χN fixed. Since the interaction parameter χN can be viewed as a measure
of inverse temperature, this protocol mimics the scenario of structure develop-
ment upon lowering the temperature. Fixing the ratios of µN/χN and λ/χN
is designed to mimic the enhancements in both the rigidity and the tendency to
form oriented bonds upon lowering the temperature. In Fig. (4.2), we display















































Figure 4.2: Density and orientational order parameter for fixed f = 0.50,
µ/χ = 3, β = 6. and λ/χN = 0.03. As we increase the value of χN (or
equivalently decrease T ), we observe orientational order growing inside the
semiflexible polymer, and consequently the domain size increases. The ori-
entational order parameter for these 3 values of χN are, S ≈ 0 (χN = 13),
S = 0.43 (χN = 14) and S = 0.59 (χN = 17). This observation is akin to
crystallization within lamellar morphologies.110
tional order parameter (Szz(r)) in the semiflexible domain (B) for χN = 13, 14
and 17. Since nematic ordering in our simulations is completely along z-axis
(or perpendicular to lamellar interface), orientational order is quantified by the
zz component of the orientational order tensor (refer Eq. (4.9)). We observe
that upon increasing χN , the semiflexible B domain undergoes an isotropic-
nematic transition leading to the formation of an oriented B phase. Moreover,
we observe that there is correspondingly an increase in the domain size of the
B phase which indicates the formation of extended chain conformations. Upon
further increasing the value of χN (or decreasing T ), we observe that there is a
further increase in the amount of orientational ordering within the semiflexible
domains.
The above features qualitatively mimic the behavior observed in semicrys-
talline diblock copolymers. Indeed, in the scenario where crystallization occurs
at a temperature lower than microphase separation transition, the domain
spacing is expected to show a jump at the onset of crystallization [32, 12].
Moreover, crystallization leads to the formation of a strongly oriented B chains,
an effect qualitatively mimicked by the nematic phase formed by our semiflex-
ible chains.
We point out that the morphological effects seen in Fig. 4.2 can also be
realized by considering a situation involving a fixed value of χN and orienta-
tional interaction µN , while changing the persistence length of the semiflexible
block λ. In Fig. 4.3, we display representative results for the density profiles
of A (φA(r)) and B (φB(r)) segments and the orientational order parameter
111
(Szz(r)) in the semiflexible domain (B) for two different values of chain rigidity,
λ = 0.036 and λ = 0.36. For the lower value of λ (refer Fig. 4.3(a)), we observe
that the density and orientational profiles resemble the results observed at high
temperatures (refer Fig. 4.2(a) for χN = 13). In contrast, for the higher λ,
we observe that the density and orientational profiles resemble the results ob-
served for lower values of temperature (refer Fig. 4.2(c) for χN = 17). Based
on these results, in the subsequent results we use λ as the control parameter
to probe the role of crystallization upon the bridge and loop conformations in
multiblock copolymers.
While the above results demonstrated qualitative correspondence be-
tween our model predictions and the crystallization phenomena, it is natural
to probe the degree of quantitative conformance between our model and crys-
tallization. Explicitly, we choose to consider the scaling of the domain sizes
as a function of the volume fraction of the flexible component. In flexible di-
block copolymers, the domain size is determined by the competition between
entropic penalty associated with stretching of chains and interfacial energy
[6]. On increasing the rigidity of B chains (i. e. transitioning from flexible to
semiflexible polymers), the entropic penalty associated to extend over a dis-
tance D reduces, leading to an increase in the domain size. To render these
physical considerations in quantitative terms, we consider the case of flexible
diblock copolymers with a volume fraction f of A component and 1− f of B
component. In the limit of strong segregation, brush-like scaling theories can
































Figure 4.3: Density and orientational order parameter for low and high values
of chain rigidity, λ. The parameters are χN = 18, µN = 54, f = 0.50, and
β = 6. The values of λ are a. 0.036, b. 0.36. The orientational order parameter
for these 2 values of χN are, S ≈ 0 (χN = 12), and S = 0.68 (χN = 18).
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components. Explicitly, by incompressibility requirement we have,
ρ0DAA = Nf ; ρ0DBA = N(1− f), (4.20)
where ρ0 represents the monomeric density of A and B components and A de-
notes the area per chain in the lamellar phases. For flexible block copolymers,









where b is the Kuhn segment length of the two chains, and γA is the inter-
facial energy between the two immiscible blocks. Substituting Eq. (4.20) into









Substituting the above value of A into Eq. (4.20), we obtain the overall domain







For estimating the expected domain sizes for semicrystalline diblock
copolymers we utilize scaling arguments similar to the one used by DiMarzio
et al. [38] based on a schematic of an ideal semicrystalline diblock copolymer
where the B chain forms perfectly folded lamellae. We denote by nf the
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number of folds in B chain, and ε as the energy needed to form one fold. The





+ γA+ nfε (4.24)
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2. (4.25)







and an overall domain spacing (D)
D = DA +DB ∼
N
ρnfb2





A significant difference between the characteristics of Eq. (4.27) and
Eq. (4.23), is the dependence of the domain spacing of the semicrystalline
copolymers upon the degree of polymerization of the flexible block (Nf). We
note that the scaling exponent −1/3 is identical to the exponent predicted
by DiMarzio et al.[38] A later study by Whitmore and Noolandi used SCFT
modeling to calculate the domain scaling dependency on fN , and predicted
α = −5/12. Evaluation of domain scaling as a function of degree of polymer-
ization of flexible block has been focus of many experimental investigations
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also, and have obtained values of α close to the theoretically obtained ones
[110, 34]. In our study, we focused on the progression in scaling from the
flexible limit (Eq. (4.23)) to the semicrystalline case (Eq. (4.27)), and whether
such a progression can indeed be observed in our model for semicrystalline
copolymers.
In Fig. 4.4, we plot the variation of overall domain spacing from our
model of flexible-semiflexible diblock copolymers as a function of length of
the flexible block (on a log-log scale) for different values of λ. We observe
the results for the domain spacing are unfortunately not conclusive enough to
extract a power law behavior (we note that experiments have also come to
similar conclusions [34]). This may be due to our parameters not necessar-
ily being in the strong segregation regime (which requires significantly large
values of χN) where such brush-like scaling laws are expected to apply. Nev-
ertheless, in an effort to effect a comparison with the above predictions, we
fit the data by a power law and extracted an exponent which is displayed in
the figure. We observe that for very low values of λ, the domain spacing is
practically independent of f as expected from the above scaling arguments for
flexible block copolymers. Upon increasing the value of rigidity, we observe
that domain spacing exhibits a value of scaling exponent in the range −0.33 to
−0.37 consistent with the scaling analysis provided for semicrystalline diblock
copolymers above.
The above correspondences, between the qualitative phenomena and the
quantitative scaling predictions for semicrystalline block copolymers [38, 40] on
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the one hand and our numerical results for the flexible-semiflexible copolymer
system on the other hand, suggests that our model can serve as a reasonable
approach to study the conformational properties of semicrystalline multiblock
copolymers.
Figure 4.4: Scaling exponents of D as a function of fN for different values of
rigidity, λ. The values of the other parameter are : χN = 18, µ/χ = 3, and
β = 6. α represents the scaling exponent for domain spacing as a function
of degree of polymerization of the flexible block. The straight lines represents
the linear fit to the data points of domain scaling. Slope of these lines is used
to evaluate the scaling exponent, α. (The plots are shifted on the y-axis to
provide a better clarity, but it does not affect the slope of this log-log plot.)
4.4.2 Triblock Copolymers
In this section, we present results pertaining to bridging fractions in triblock
copolymers. We considered both ABA and BAB sequences of triblock copoly-
mers, with the midblock volume fraction set at f = 0.5 and the end block
volume fraction set at 0.25. The results of the preceding section suggests that
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the persistence length of the semiflexible polymer serves as a probe of the ef-
fects one may expect in transitioning from the flexible multiblock copolymer
to the semicrystalline copolymer limit. Based on this rationale, the first issue
we consider is the effect of the persistence length upon the bridging fractions
in these triblock copolymers. Figure 4.5 shows the variation of the bridging
fraction of the center block in ABA and BAB triblock copolymers as a func-
tion of the rigidity (λ) of the semiflexible B chain. Also shown in the figure
are the bridging fractions for the case of a symmetric flexible triblock copoly-
mer (denoted as ABA (f)) [98]. At low values of λ, the bridging fractions for
these three different categories of triblock copolymer are identical, confirming
their conformational equivalence for small values of persistence lengths. It has
been theoretically predicted that for the case of flexible triblock copolymer,
the equilibrium bridging fraction lies in the range, fbr ≈ 40 − 45% [98, 99].
Experimentally, the value of equilibrium bridging fraction (fbr ≈ 40%) has
also been confirmed for lamellar triblock copolymers [118]. Our results (cf.
Fig. 4.5) do conform to these theoretical/experimental results for low values
of chain rigidity λ.
More interestingly, it is observed that increasing the rigidity leads to
a substantial increase in the bridging fraction for the case of ABA triblock
copolymers. This increase is manifested as an almost complete bridging ob-
served at the highest values of λ. In contrast, for BAB triblock copolymers,
increasing the persistence length of the B chain is seen to lead to a reduction
in the midblock bridging fraction in the A domains, and at highest values of λ,
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Figure 4.5: The bridging volume fraction plotted as a function of persistence
length λ for ABA and BAB. The filled triangle represents the value of fbr for a
flexible ABA triblock copolymer. The parameters for this case are : χN = 32,
f = 0.50, µN = 80, and β = 12.
Figure 4.6: Correlation between bridging fraction and nematic order parameter
of the midblock chain in ABA triblock copolymer. The parameters are same
as the one used in Fig. 4.5.
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it is observed that the bridging fraction apparently plateaus out to a reduced
value. We note that an independent study of Li and Ruckenstein [119] calcu-
lated the equilibrium bridging fractions for lamellar, cylindrical, and spherical
phases of the ABA triblock copolymer as a function of the chain stiffness.
They also found that the bridging fraction increases with increasing stiffness
of the midblock chain. However, the values of bridging fraction calculated by
them for lamellar phases (≈ 20%) are significantly lower than our calculated
values (≈ 90%).
An interesting question relates to the origins underlying the impact of
the rigidity of the B block upon the bridging fractions in ABA and BAB tri-
block copolymers. First we discuss the case of ABA triblock copolymers, and
point out that for the orientational interaction parameters chosen for our nu-
merical results, the semiflexible block undergoes isotropic-nematic (I-N) tran-
sition on increasing the value of rigidity. This is clearly seen in Fig. 4.6 which
displays the nematic order parameter S (which quantifies the degree of orien-
tational ordering in the semiflexible chains) as a function of λ. Qualitatively
this result reflects the fact that increasing the rigidity of the chain decreases
the tendency for the chain to bend, hence favors the formation of nematic
phases. Interestingly, a depiction of fbr in the same plot displays a strong
correlation between and nematic ordering and the fraction of bridges in the
system. This correlation provides a mechanistic origin for the increased bridg-
ing fractions, and can be rationalized by invoking the results of Halperin and
coworkers who considered the formation of hairpin like defects of semiflexible
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polymers in nematic phases [120, 121]. Explicitly, Halperin et al. argue that
effective energy for forming a hairpin defect in semiflexible polymers scales as
Uh ' (Sε)1/2, where ε is the rigidity of the chain, and S represents nematic
order parameter [120]. They predict that due to the unfavorable nature of
such defects, the effective elasticity of the chain parallel to the nematic field is
much lower (by a factor of exp(−Uh)) than in the isotropic phase. Together,
these effects make it more easier for a semiflexible chain to form a bridge in the
nematic phase (relative to both flexible chains as well as semiflexible chains in
an isotropic phase). In fact, Halperin and Williams predict an increase in the
bridging fraction scaling as exp(αUh) (where α denotes a scaling exponent)
which qualitatively explains the strong correlation between the S parameter
and fbr [120]. In sum, the formation of a nematic (crystalline) phase by the
semiflexible (crystalline) block reduces the propensity for the formation of folds
and is responsible for the observed enhancement in bridging fractions in the
B domain.
In contrast to the situation of ABA copolymers, bridging in BAB poly-
mers relates to bridging of the flexible block, and hence our numerical results
can be understood by invoking considerations for flexible polymers. While
accurate analytical expressions do not exist for the parametric dependencies
of bridging fractions of flexible polymers (due to the subtle entropic differ-
ences between bridges and loop conformations), approximate scaling argu-
ments suggest that fbr ∝ H−ν , where H represents the domain width (or the
plate separations for interplate bridging by grafted chains) with ν ' 1/2−2/3
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Figure 4.7: Correlation between the bridging fraction of A domain in BAB
copolymer and the domain size of the flexible block (DA). With increasing
persistence length the domain size increases, while the bridging fraction (fbr)
decreases.
[121, 54]. Physically, the preceding result suggests that an increased domain
spacing leads to a corresponding decrease in the bridging fraction. This may
be understood as a consequence of the enhanced conformational entropy cost
of forming a bridge between interfaces which are further apart, and has also
been qualitatively observed in an earlier work by Matsen in the context of
increasing domain size due to increasing segregation between the copolymers
[98]. We believe that this effect explains the decrease of bridging fraction with
increasing rigidity for BAB triblock copolymer as shown in Fig. 4.7. Indeed,
as we observed in the preceding section, an increase in λ of the B block, leads
to an increase in the domain spacing of the A phase (refer Eq. (4.27)). As
shown in Fig. 4.7 this effect also holds in the context of the domain spacings
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of the BAB triblock copolymers. Not surprisingly, a depiction of fbr on the
same plot shows a strong correlation to the domain spacing and confirms our
hypothesis regarding their correlation.
To summarize, we observe that increasing the rigidity of the B chain
can impact the bridging properties of ABA and BAB triblock copolymers in
a contrastingly different manner. Based on comparison of the two types of
triblock copolymer, it is concluded that ABA triblock sequence demonstrates
higher bridging of different A-B domains than the BAB triblock sequence for
the same relative volume fractions, and the same value of rigidity of the B
chain. These results suggest that if the objective is to enhance the bridging
fractions in A domain, then it is a better strategy to link the A block to
a noncrystallizable B block. In contrast, if the objective is to increase the
bridging fractions in the B domain, then it is more prudent to use crystallizable
blocks which offer superior bridging characteristics.
4.4.3 Pentablock Copolymers
While triblock copolymers offer advantages arising from the mid-block bridg-
ing, they suffer from the disadvantage that the end blocks cannot bridge. Con-
sequently, lamellar phases of triblock copolymers have bridged domains alter-
nating with non-bridged domains (shown in Fig. 4.1). In contrast, pentablock
copolymers (both ABABA and BABAB sequences) offer the possibility for
bridging conformations in both A and B blocks and hence in both A and B
domains. However, despite this difference the qualitative and quantitative de-
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Figure 4.8: Bridging fractions in B domains of ABA, ABABA and BABAB
copolymers. The parameters are χNpenta = 50, χNtri = 50, β = 12, and
µ/χ = 2.5. Both the sequences of pentablock copolymers are symmetric and
posses equal volume fractions of A and B, i.e. f1 = f5 = 0.125, and f2 =
f3 = f4 = 0.25. The variation of bridging fraction as a function of rigidity is
qualitatively similar for both triblock and pentablock copolymers irrespective
of the nature of the sequence.
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tails of bridging in the A and B blocks of the pentablock copolymer can be
expected to be very similar to that of the triblock copolymer. Explicitly, in
a BABAB pentablock copolymer (with average volume fractions of the blocks
denoted f1 − f2 − f3 − f4 − f5), we expect only a maximum fraction f3/fB of
the B polymers to bridge in a given B domain. Hence, when measured relative
to this fraction, we expect that the bridging fraction of B polymers (and its
dependence on the rigidity λ), to be quantitatively comparable to those ob-
served in ABA triblock copolymers. Likewise, in the same BABAB polymeric
sequence, we similarly expect the bridging fractions of A polymer measured
relative to the total fraction of “bridgeable” chains in A (f2 + f4) domains to
be quantitatively comparable to the results observed for BAB triblock copoly-
mers.
The above expectations are confirmed in Fig. 4.8, where we display
our SCFT results for B bridging fractions of symmetric ABABA and BABAB
(normalized by f3/fB) pentablock copolymers and compare them with the cor-
responding results for the ABA triblock copolymers. The degree of polymer-
ization for pentablock copolymer is kept twice that of the triblock copolymer.
To facilitate a quantitative comparison, we have set the parameter χN = 50
for pentablock copolymers and χN = 25 for triblock copolymers. The lat-
ter usually provides a satisfactory set point for establishing similar degrees
of segregations in tri and pentablock copolymers. Fig. 4.9 portrays a similar
representation for the A bridging fraction and compares it with the results
for the BAB triblock copolymers. It is observed that to a good degree of
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Figure 4.9: Bridging fractions in A domains of ABA, ABABA and BABAB
copolymers. The parameters are χNpenta = 50, χNtri = 50, β = 12, and
µ/χ = 2.5. Both the sequences of pentablock copolymers are symmetric and
posses equal volume fractions of A and B, i.e. f1 = f5 = 0.125, and f2 =
f3 = f4 = 0.25. The variation of bridging fraction as a function of rigidity is
qualitatively similar for both triblock and pentablock copolymers irrespective
of the nature of the sequence.
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quantitative agreement, the behavior and the values of the bridging fractions
in the pentablock copolymers are very similar to those observed in triblock
copolymers. Moreover, as can be observed in the results depicted, the over-
all behavior of the B and the A bridging again correlate very well with the
dependence of the nematic order parameters (refer Fig. 4.8) and of domain
spacing (Fig. 4.9) as a function of the rigidity of the B block. The minor
quantitative differences observed between the tri- and pentablock copolymers
can be rationalized by noting that doubling the chain length of pentablock
copolymer and renormalizing the χN parameter does not necessarily translate
into same degree of orientational ordering and compositional segregations in
the two systems. The latter differences manifest as the quantitative differences
in the bridging fractions observed in Fig. 4.8 and Fig. 4.9.
The above results suggest that the pentablock copolymers combine the
advantages offered by both ABA and BAB triblock copolymers. Indeed, both
A and B domains exhibit bridging and consequently all the layers of the lamella
exhibit bridging. Moreover, the bridging fraction of A and B blocks were seen
to be correlated to the volume fraction of bridgeable blocks. The latter idea
has already been exploited in experiments on BABAB pentablock copolymers
where the overall toughness was increased by increasing the center block frac-
tion (f3) relative to the end blocks [11]. An alternative approach would be
to mix a small amount of pentablock copolymers to triblock copolymers to
thereby ensure bridging in both A and B domains [53]. Our results suggest
that for such a protocol, adding a small amount of ABABA pentablock to a
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triblock BAB copolymer may be an optimal choice to exploit the substantial
bridging present in the crystalline B blocks.
4.5 Conclusions
In this chapter, we have proposed a model to understand the thermodynam-
ics of semicrystalline multiblock copolymers. The crystalline component was
treated as a semiflexible chain possessing temperature dependent rigidity. The
tendency to form parallel bonds was modeled using a Maier-Saupe potential.
The domain scaling as a function of volume fraction of flexible block in a
semicrystalline diblock copolymer was found to be in qualitative agreement
with previous scaling theories. The bridging fractions was calculated for tri-
block and pentablock copolymers as a function of the rigidity of the semiflexible
chain. It was observed that increasing the rigidity has opposing effects on the
amount of bridging in A and B domains. For both triblock and pentablock
copolymers, it was observed that increasing the rigidity of semiflexible block
led to increase in the bridging conformations in the B domains, whereas it
decreases the bridging conformations in the A domains. In a nutshell, our
results suggest that if the objective is to enhance the bridging fractions in A
domains of either BAB triblock copolymers or ABABA/BABAB pentablock
copolymers, then it is a better strategy to use a noncrystallizable B block
which offers larger bridging fractions in the A domains. In contrast, if the
objective is to increase the bridging fractions in the B domain of ABA triblock
or ABABA/BABAB pentablock, then it is more prudent to use crystallizable
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B blocks.
We note that we have considered only lamellar morphologies and that
some of the parameters considered may not necessarily exhibit lamellar mor-
phologies at equilibrium. However even in such a situation, we still expect
that the qualitative features of our results would hold. We also note that
the model presented in this chapter can be extended to 2D and 3D simula-
tions to gain understanding of the role of rigidity of one of the components on
the morphologies and its corresponding effect on the phase behavior and the
mechanical properties of the multiblock copolymers.
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Chapter 5
Thin Film Morphologies of Rod-Coil
Block Copolymers
5.1 Introduction
Rod-coil block copolymers are polymers where a flexible polymer is covalently
linked to a rigid rodlike polymer which has a very high persistence length.
Some of the examples of such rigid polymers are helical proteins and semi-
conducting polymer with rigid π-conjugated backbones. Such rod-coil block
copolymers have received a lot of attention due to their potential applications
in organic electronics devices like OLEDs and solar cells [2, 7, 46, 122]. Since
these block copolymers can self-assemble at lengthscale of ∼ 10nm required for
exciton diffusion, they are attractive candidates for photovoltaic and organic
LED applications [2, 55, 122, 46]. In such applications where an interface is
desired between two materials with different electron affinities, the semicon-
ducting and optically active rod block acts as the electron donor, while electron
acceptor is introduced into the coil block either by grafting it onto the flexible
block or by simply adding nanoparticles [2].
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Owing to the rodlike nature of one of the blocks, the self assembly of
rod-coil block copolymers is significantly different that of conventional flexi-
ble block copolymers [79, 7, 8]. The self-assembly behavior in rod-coil block
copolymer involves rich interplay between the microphase separation between
two different blocks and liquid crystalline ordering of rodlike units [79, 7, 8].
The anisotropic nature of the the rodlike chains causes them to undergo ori-
entational ordering to form nematic or smectic phases [96]. Unlike coil-coil
diblock copolymers which form lamellar, cylindrical, and spherical morpholo-
gies depending on the relative volume fraction [5], rod-coil block copolymer
exhibit primarily lamellar morphologies due to the strong orientational inter-
actions between the rigid polymeric chains. The rods can be aligned either
normal to the lamellar interface (in Smectic A arrangement) or tilted at an
angle to the interface (Smectic C arrangement). The arrangement of rod chains
in smectic A and smectic C orientation is displayed in Fig. 5.1. The size of
the microphase separated domains and the tilting of rods with respect to the
lamellar interface is determined by a competition between interfacial tension
between dissimilar phases and the stretching free energy of the flexible coil
[8]. Some of the unique morphological features observed for rod-coil diblock
copolymer that are not seen for flexible block copolymers are zigzag [79], wavy
lamellar [79], arrowhead phases [79], stripe, and puck phases [45, 123]. Theo-
retical studies have also predicted the existence of these phases [8, 124]. Unlike
flexible block copolymers where the phase behavior is governed by just two
parameters, volume fraction of one of the blocks (f), and the Flory-Huggins
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interactions parameter (χN), the phase behavior of rod-coil block copolymers
is also influenced by the Maier Saupe parameter (µN), and the size asymmetry
ratio ν [8, 125, 10, 21]. Maier Saupe potential describes the orientational in-
teractions between anisotropic segments, while the ratio ν is a measure of the
packing geometry of the molecules. Phase diagrams based on these four param-
eters have been constructed both theoretically [8], and experimentally [125].
For utilizing rod-coil block copolymers for organic electronic applications, it is
Smectic A Smectic C
Figure 5.1: Schematic of orientation of rod chains within block copolymer
microphases for smectic A and smectic C alignment.
necessary to pattern them onto thin films [126]. Hence it is imperative to the
understand the phase behavior of these complex polymers under confinement.
Before studying thin films of rod-coil block copolymers, it is pertinent to note
what has been observed for thin films of coil-coil flexible diblock copolymers.
The self-assembly of confined flexible diblock copolymers is affected by the
surface interactions with the individual components and the commensurabil-
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ity of the thickness of the film with respect to bulk domain spacing [16]. If
the surface has a preference for one block, it will result in segregation of that
particular block near the surface. This can lead to either symmetric parallel
morphology where the surfaces prefer the same block or antisymmetric par-
allel morphology where both the surfaces prefer different blocks. When the
thickness is not commensurate with bulk domain spacing, the lamellar domain
spacing can change or the orientation of lamellae might flip from parallel to
perpendicular orientation [16, 127]. The perpendicular lamellae is stabilized
for the case of neutral walls as it can maintain the bulk domain spacing.
The system of confined rod-coil diblock copolymer films is much more
complex than the case of flexible diblock copolymers. In addition to surface
interactions and thickness constraints, the anisotropic nature of rigid rodlike
chain influences the phase behavior. Since the rod chains are not flexible,
they cannot deform near the plates which confine them [47]. Also the rods
can adopt a different orientation inside the thin film as compared to their
bulk counterpart when the thickness is incommensurate with the bulk domain
spacing. It is possible to have more than one orientation of rod in a given
system of confined rod-coil block copolymers films [47].
Most of the experimental work has been focussed on studying free stand-
ing films of rod-coil diblock copolymers [128, 129]. In thin films where rod
is attracted to the surface, perpendicular lamellae of rod-coil block copoly-
mer was formed with either monolayer or bilayer smectic stacking [130, 129].
In thin films of poly (alkoxyphenylenevinylene)-b-isoprene (PPV-b-PI), where
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PI has lower surface energy both at the silicon substrate and vacuum inter-
face, parallel lamellae with symmetric wetting is observed generally for smaller
thicknesses [128]. When thickness is incommensurate with the domain spac-
ing in bulk, island-hole formation occurs where perpendicular lamellae mediate
the change in thickness. It was also observed that on increasing the thickness
of the film, the amount of perpendicular lamellae at the vacuum interface
increases [128, 131, 132]. This reorientation of lamellae serves to relax the
incommensurability in the relatively thick films [128, 47].
Understanding the nature of structure formation and orientation of
semiconducting rodlike units in thin films of rod-coil block copolymers is
key in order to make them useful for photovoltaic or organic LED applica-
tions. Very less theoretical studies are concerned with self-assembly in thin
films of rod-coil block copolymers unlike the case for flexible block copolymers
[16, 127, 25]. Pereira and Williams performed analytical calculations to model
the parallel to perpendicular lamellae transitions in thin films of rod-coil block
copolymers [47]. They accounted for possibility of two different orientations
of rods in parallel lamellae and compared the free energies of different types
of parallel lamellae with perpendicular lamellar morphology. However they
did not account for possibility of different orientation of rods in perpendicular
lamellae than in bulk. Also the framework does not allow to account for non-
lamellar morphologies. A model previously developed in our group based on
self-consistent field theory (SCFT) [16, 17, 18] has been utilized to understand
the self assembly of rod-coil block copolymers in bulk [8]. The model was
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successful in rationalizing the experimental observations for both lamellar-like
and non-lamellar like morphologies. Furthermore, it does not require any prior
assumption of the nature of morphology and can predict the formation of any
complicated microstructure unlike the analytical method proposed before [47].
In this chapter, we extend the model to study the effect of surface interac-
tions and geometric constraints on self-assembly in thin films of rod-coil block
copolymers. We analyze how these effects modify the domain spacing and
orientation of rods from their bulk values. We also explore how the nature of
surface interactions and boundary (surface) conditions within the framework
of SCFT govern the transition between parallel and perpendicular lamellae.
In Sec. II we briefly describe our model to analyze the structure formation
in thin films of such polymers. Sec. III focusses on our simulation results to
characterize phase behavior of rod-coil block copolymer thin films.
5.2 SCFT Model
5.2.1 Key Ingredients
The statistical mechanics of rod-coil block copolymers under self-consistent
field theory framework has been treated extensively in the article by Pryamit-
syn and Ganesan [8]. Also, the previous work on self-assembly of side-chain
liquid crystalline polymers (Chapter. 3) and semicrystalline block copolymers
(Chapter. 4) have similar ingredients. So we will present only the key details
which differentiate this model and focus on boundary conditions while refer-
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ring to previous articles [8, 10] for more detailed formalism. Notations are
quite similar to the one adopted in the chapter on side chain liquid crystalline
block copolymers (Refer Chapter. 3) and the previous article on rod-coil block
copolymers [8].
We consider an incompressible melt of n rod-coil block copolymers
chains confined by two plates separated by a distance, ∆. The volume fraction
of the coil is given by f . The statistical segment of rod, a, is defined such that
it possesses the same monomeric volume as the coil polymer, ad2 = b = ρ−1,
where d is the diameter of rod molecule and b is statistical segment of coil
molecule. All the lengthscales are normalized by coil radius of gyration,
R2g = Nb
2/6. In these units the length of the rod block is LR = (1 − f)β,
where β = Na/Rg. The conformations of the flexible coil are ascribed by a
Gaussian stretching energy. The microphase separation between the rod and
coil block is governed by the product of Flory-Huggins interaction parameter
and degree of polymerization, χN . To quantify the degree of orientational
ordering, we utilize Maier-Saupe potential where the strength of orientational
interactions is measured by the Maier-Saupe parameter, ω [8, 10, 96].
5.2.2 Treatment of Surface Potential and Boundary Con-
ditions
In the SCFT framework, the incompressibility constraint is imposed by as-
suming that the total polymer volume fraction equals 1 in the entire system
[16, 133]. However in case of confinement by hard surfaces the polymer density
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goes to zero near the surfaces. The inconsistency between these conditions is
alleviated by modifying the incompressibility constraint. For the particular
case of rod-coil block copolymers, we utilize φC(r) +φR(r) = φ0(r) and choose
φ0(r) =

(1− cos(πy/ε))/2, if 0 ≤ y ≤ ε
1, if ε ≤ y ≤ ∆− ε
(1− cos(π(∆− y)/ε))/2, if ∆− ε ≤ x ≤ ∆
(5.1)
The distance ε from the surface over which the total polymer density rises to
1 is selected to be smaller than the radius of gyration of coil block (Rg) or
the length of rod block ((1− f)Na). The surface potential (H(r)) acts over a
distance δ from the surface and acts on the difference in densities of coil and
rod polymers, φC(r)− φR(r) [16].
H(r) =

λ1(1 + cos(πy/δ))/δ, if 0 ≤ y ≤ δ
0, if ε ≤ y ≤ ∆− δ
λ2(1 + cos(π(∆− y)/δ))/δ, if ∆− δ ≤ x ≤ ∆
(5.2)
δ measures the range of surface potential, and λ1 and λ2 measure the strength
of surface potential at the two surfaces. In its present form, a negative value
of λ1 or λ2 imply that surface has preferential interaction for the coil block.
To model the influence of the substrate boundary upon the flexible polymer
conformations, Dirichlet boundary condition is applied for the end-segment
distribution function of the coil block [27, 26]. Also, those conformations of
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rod molecules which result in any part of rod chain going out of confinement
are disregarded. For the purposes of this chapter, we refer to this treatment
of surface as “zero density” boundary condition.
5.3 Results and Discussion
5.3.1 Confinement by Neutral Surfaces
The first effect we study is the effect of confining rod-coil block copolymers
by hard surfaces. The surface interactions are switched off (λ1 = λ2 = 0).
In this study, we consider different morphologies exhibited in bulk (Smectic
A, Smectic C, Puck Phases) under confinement and compare how are the
morphological features different in thin films compared to bulk. For the case of
lamellar morphologies we utilize free energy analysis to find which orientation
(parallel or perpendicular) is the stable morphology [16, 27, 134].
Smectic A - As a first illustration, we consider a case which exhibits smectic A
morphology in bulk. The bulk domain spacing is 6 Rg. In Fig. 5.2(a), we plot
the free energy vs thickness for the two different types of lamellar orientation -
parallel and perpendicular. Both these morphologies were achieved by starting
with appropriate initial conditions for the potentials conjugate to the densities
of individual component and the tensor potential conjugate to the orientational
order parameter [18, 8]. The quantity plotted on y-axis is free energy of the
thin film modified by the bulk free energy, and this quantity accounts for the





















Figure 5.2: (a) Free energy plot for parallel and perpendicular lamellae for a
smectic A case in bulk. The perpendicular lamellae posses lower free energy
over the entire range of thickness. The parameters are : χN = 10, f = 0.4,
ωN = 30, and β = 6. (b) Density profile of the coil phase for ∆ = 22Rg. Red
: Coil Block, Blue: Rod Block.
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oscillations (periodic minima and maxima) in the free energy vs thickness
curve, while the free energy of perpendicular orientation of lamellae is fairly
constant throughout the range of thickness. For the entire range of thicknesses
studied, the perpendicular lamellar orientation is stabilized in comparison to
parallel lamellae morphology. For all the cases of Smectic A studied under
confinement where length of rod was larger than radius of gyration of coil block,
we observed that for neutral surface the perpendicular lamellar morphology
always had the lower free energy.
In Fig. 5.2(b), we display the density profiles for parallel and perpendic-
ular orientation for a representative thickness. For the case of perpendicular
morphology, the domain width is same as bulk domain spacing (6 Rg) for all
thicknesses and the smectic A orientation is maintained. At the thicknesses
corresponding to minima in the free energy plot for parallel lamellar morphol-
ogy, the domain spacing in center of the film is same as bulk domain spacing.
We can see that the minima in free energy plot for parallel orientation of
lamellae are separated by the bulk domain spacing. In the case of perpendic-
ular morphology, the rods are aligned parallel to the confining surfaces. In
Fig. 5.2(b) for the parallel lamellar morphology, we observe that the layers
near both the surfaces are that of a rod block for neutral surfaces. Also, the
orientation of rods in this layer was found to be arranged parallel to the sub-
strate. Thus in parallel lamellae, two different orientations of rods with respect
to the lamellar normal were observed within a same film – parallel to surface
near the boundaries and perpendicular to surface (and lamellar interface) in
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the rest of the film.
The reason for lower free energy of perpendicular lamellae arises due
to the surface stabilization of the rods and the ability to maintain the same
smectic A orientation and domain spacing as in bulk. Because of the boundary
conditions imposed on rods, even slight tilting of rods with respect to the sub-
strate is severely prohibited. Thus rods prefer to arrange themselves parallel
to the surface. In parallel lamellae, the domain spacing and orientation of rods
with respect to the lamellar interface is only maintained in layers away from
the substrate, whereas for the layer closest to surface, rods are aligned parallel
to the lamellar interface. Such surface induced perpendicular morphologies
where rods are stacked parallel to surface have been observed experimentally
[129]. We also observe that in the case of perpendicular lamellae, the lamellaes
are slightly curved near the surfaces. It is believed that the near the surfaces,
rod molecules shift with respect to one another to allow for flexible chains to
gain entropy and therefore lower their confinement energy [135]. This curved
profile near the surface diminishes with stronger orientational ordering, i.e with
perfect alignment of rods, the perpendicular lamellae are much straighter.
Smectic C At higher coil fractions and for longer rods in bulk, smectic A -
smectic C transition occurs. Within the lamellar morphology, rods are tilted
at an angle with respect to the normal to the lamellar interface for smectic
C orientation [8, 96]. Even though the interfacial area increases between the
rod and coil blocks, the overall free energy is lowered due to the extra con-




















Figure 5.3: χN = 8.0, f = 0.5, β = 10., ωN = 32. Like for Smectic A
morphology, perpendicular lamellar orientation is preferred for smectic C cases
too.
energy vs thickness plot for parallel and perpendicular lamellae for a set of
parameters which exhibits the smectic C morphology in bulk. The orientation
of rods with respect to lamellar normal in the case of bulk is 50 ◦. We again
observe periodic minima and maxima in the free energy curve as a function of
the thickness of the film for the case of parallel lamellae. Also, at the minima
in free energy plot (∆ = 19, 23, and 27 Rg), the orientation of rods with re-
spect to lamellar interface in the center of the film is same as in bulk. Near
the surface, the rods are aligned parallel to the surface like the situation ex-
hibited in Fig. 5.2 (b). Thus two different types of orientations are exhibited
for parallel lamellar orientation in confined thin films for both smectic A and
smectic C orientation of rods. However, from Fig. 5.3 we can observe that for
every thickness considered, the perpendicular lamellae has lower free energy
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(b)(a)
Figure 5.4: Representative density profiles for confined puck phase (a) χN =
12, f = 0.6, β = 10., ωN = 48 and (b) χN = 16, f = 0.7, β = 10, ωN = 64.
compared to the parallel lamellar orientation. In the case of perpendicular
lamellae, rods are aligned parallel near the surface. In the center of the film,
perpendicular channels are formed where rods are oriented at an angle to the
lamellar interface. Thus, we observe that due to surface stabilization of rods
and ability to maintain the same domain spacing and orientation in perpendic-
ular lamellae compared to bulk, confinement by neutral surface always leads to
formation of perpendicular lamellar under our SCFT formalism. Before pre-
senting the results of surface preference on self-assembly, we discuss the effect
of confinement on puck phases which are observed at very high coil volume
fractions.
Broken Lamellae and Puck Phases In Fig. 5.4, we show the effect of
confinement on rod-coil block copolymers self-assembly at very high coil vol-
ume fractions. At higher coil volume fractions (f ≥ 0.6), these rod-coil block
143
copolymers exhibit broken lamellae or puck phase morphology [8]. We ob-
serve that similar phases are exhibited under confinement for the same range
of parameters where they exhibit puck phases in bulk. However for the case of
lower volume fraction (f = 0.6) in Fig. 5.4, we observe that presence of surface
induces lamellar orientation near the surface, while having puck nanodomains
of rods throughout the film. But at higher volume fractions of coil (f = 0.7)
in the same figure, we observe that puck phases appear throughout the film
as expected. Such phases have been observed experimentally too [136], where
rectangular rod domains are packed onto a hexagonal lattice at higher volume
fractions of the coil block. Even though such phases incur a huge penalty due
to large interfacial area between coils and rods, it allows for coils to increase
its stretching entropy [8].
In the next subsection, we study the effect of introducing surface pref-
erence for one component (coil) in order to study the perpendicular to parallel
lamellar transition in confined thin films of rod-coil block copolymer.
5.3.2 Effect of Coil Attractive Surfaces
We have observed that perpendicular lamellar orientation are naturally fa-
vored over parallel lamellar orientation for the case of neutral surfaces. We
also noted that rods formed formed a layer near the surface even though sur-
face had no preference for either component. Therefore to study the parallel-
perpendicular transition, it is natural to introduce a surface preference for the
















Figure 5.5: (a) Free energy versus thickness plot for parallel and perpendicular
lamellae for the case considered in Fig. 5.2. λ1 = λ2 = −20. Perpendicular
free energy has lower free energy even upon introduction of attractive interac-
tions for coil. (b) Representative density profiles of parallel and perpendicular
lamellae.
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surface. We introduce this feature by rendering the surface parameters (λ1
and λ2) non-zero. In Fig. 5.5(a), we show the effect of coil attractive surface
via a free energy vs. thickness plot for both parallel and perpendicular lamel-
lae. Surprisingly, perpendicular lamellae is still favored over parallel lamellae
even though there is a surface preference for coil block. We observed the same
behavior for a range of surface parameters (λ1, λ2 = -10 to -40). If we look at
representative density profiles in Fig. 5.5(b), we observe formation of coil block
layers near the two confining surfaces in both the parallel and perpendicular
lamellar orientation. Also, like in the case of neutral surfaces, rods closest to
the surface were aligned parallel to the surface for both parallel and perpen-
dicular lamellae. This surface induced orientation of rods plays a significant
role in deciding the final morphology of rod-coil block copolymers within our
theoretical framework. Only way to obtain a smectic A orientation of rods
in proximity to the surface, is to forcefully exclude rods from the surface by
having a very high value of surface range parameter, δ. If the range of surface
potential is of the same order as length of the rod, then the effect of surface on
orientation of rods would greatly diminish. But this would require us to have
unrealistic values for δ. In next subsection, we look at modifying the bound-
ary conditions in order to study parallel - perpendicular lamellae transition in
confined films of rod-coil block copolymer.
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5.3.3 No Flux Boundary Condition
To alleviate the issues with “zero density” boundary condition, we attempt
to model the parallel-perpendicular transition under SCFT framework with
Neumann condition or no flux boundary condition for Gaussian coil chain
propagator [17, 26]. At the surfaces (y = 0 and y = ∆),
n · ∇q = 0 (5.3)
This acts as adsorption boundary condition for coil, thus favoring the forma-
tion of coil layers at the surface [17]. The general form of the Eq. (5.3) for
weakly attractive walls is n ·∇q+κq = 0, where κ−1 represents the lengthscale
of attractive interactions [17]. Eq. (5.3) is a special case which leads to for-
mation of coils at the surface The treatment of rods near the surface is same
as detailed in previous section. We apply the boundary condition to same
set of parameters studied in Fig. 5.2 and Fig. 5.5. We plot the variation of
normalized free energy as a function of thickness in Fig. 5.6 for both paral-
lel and perpendicular lamellae. We again observe that perpendicular lamellar
morphology is the favored phase and posses lower free energy than parallel
lamellae morphology. Even though the Neumann boundary condition results
in formation of coil layers near the two surface, the surface induced orientation
of rods results in parallel alignment of rods with respect to the surface in the
rod layer in closest proximity to the surface. The lengthscale of the coil layer
near the surface due to application of Neumann boundary condition is to the
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order of radius of gyration of coil block, Rg. However, if the rod length is
larger than Rg, the coil layer would not be able to screen out the effect of
surface on the alignment of rods. Only when the two lengths are comparable
(LR = (1− f)β ∼ Rg), we can expect that coil layer will screen out the effect
of surface on rods and the smectic alignment of rods with respect to lamellar
interface in proximity to the surface will be maintained within the confined
thin films.
Short Rods In Fig. 5.8, we plot the free energy vs thickness plot for the case of
very short rods, i.e LR ∼ Rg. We observe that parallel lamellae is stabilized for
the case of very short rods and it has lower free energy than the perpendicular
lamellae morphology. The smectic A orientation is maintained in parallel
lamellae near the surface and is unaffected by the presence of confining surface.
As (1−f)β ∼ Rg, the coil layer near the surface is able to screen out any effect
of surface induced alignment of the rods. Also the no-flux boundary condition
at the surface causes coil to form the layer near the surface which favors parallel
lamellae. Thus one avenue to effect a transition from perpendicular to parallel
transition is to make surface attractive for coil and have relatively shorter rods.
To account for effect of orientational ordering on stability of perpen-
dicular vs parallel lamellae, we consider the effect of Maier-Saupe parameter
on ordering in thin films of rod-coil block copolymer. In Fig. 5.8, we plot the
free energy vs. thickness curves for two different values of ωN . For the lower
value of ωN , we observe that parallel lamellae is the favored phases. On un-



















Figure 5.6: Plot of free energy as a function of thickness for parameters stud-
ied in Fig. 5.2. Here we apply Neumann condition for coil chain propagator


















Figure 5.7: Free energy vs thickness variation for parallel and perpendicular
lamellae for the case of very short rods. χN = 12, f = 0.4, ωN = 96, and
β = 2. The length of rods is comparable to coil layer near the surface, and thus





































Figure 5.8: (a) ωN = 18. This case is near isotropic-nematic transition. (b)
ωN = 30. This case is for higher orientational ordering in the rod block.
Smectic ordering inside the rod phase tends to favor the perpendicular lamellar
orientation.
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parallel morphology. Smectic ordering stabilizes perpendicular lamellae. Due
to strong orientational ordering in rod phase, the perpendicular lamellae are
much straighter and hence stable.
5.4 Summary
In this chapter, we presented the mean field theory method to study the self-
assembly of rod-coil block copolymers under confinement. We utilize a free
energy analysis to study the stability of perpendicular and parallel lamellae.
We observe that perpendicular lamellae is stabilized for lamellar-like mor-
phologies for neutral surfaces. The surface induced orientation of rods leads
to preference for perpendicular lamellae. Only for shorter rods and with sur-
face preference for coil, parallel lamellar orientation was found to have lower
free energy. In this chapter, we also looked at the effects of different boundary
conditions in the framework of SCFT on the phase behavior of rod-coil block
copolymers. We found out that utilizing no flux boundary condition allows us
to study the transition between parallel and perpendicular lamellae.
In the next chapter, we utilize the morphologies generated under this
framework and apply photovoltaic modeling to understand the microstructure-
property link in order to optimize the performance of polymer-based solar cells.
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Chapter 6
Morphology Property Correlations of
Rod-Coil Block Copolymers for
Photovoltaic Applications
6.1 Introduction
Photovoltaics and solar cells are emerging as attractive candidates for tapping
into sources of renewable energy. Conventional solar cells based on crystalline
silicon are quite efficient, but are accompanied by the disadvantage of being
expensive to fabricate [55, 56]. Recently, polymeric and organic solar cells have
emerged as attractive alternatives which are relatively inexpensive and allow
fabrication onto flexible substrates using high throughput solution processing
techniques [55, 56]. However, currently, the best available polymer solar cells
still lag behind that of conventional silicon devices in their efficiencies, and
hence there is a need to understand the relationship between microstructure
of such polymeric devices and their final properties to facilitate the design of
efficient polymer photovoltaic devices.
There are many key issues regarding in the design of polymeric photo-
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voltaic (PV) devices which need to be addressed. We note that the mechanism
of photovoltaic operation in polymer solar cells is quite different compared to
conventional solar cells. Conjugate (or semiconducting) polymers are electron-
ically active because of their highly polarizable π-electrons [56]. However, in
contrast to silicon devices, on photon absorption, free charge carriers (elec-
trons or holes) are not generated in these conjugate polymers [137, 55, 56].
Rather, electron-hole pairs known as excitons are generated. These pairs are
bound together by a high Coulombic binding energy (relative to inorganic ma-
terials) of the order of 0.1 − 1.4 eV [56]. Such excitons can dissociate into
electron and hole pairs at an interface between two materials having different
electron affinities, thereby necessitating at least two chemical components in
the fabrication of polymeric electronic devices [55, 138]. The material with
higher electron affinity is conventionally termed the acceptor (A), while the
material with lower electron affinity is called the donor (D). The transport of
the electrons and holes to the respective electrodes constitutes useful power
generated from the system. This transport process competes with a possibility
for the electron-hole pairs to recombine, as well as the decay of the original
exciton after diffusion over a decay length [55, 56]. It is evident then that
an optimal lengthscale of phase separation between the two components are
required to balance the preceding transport processes in order to obtain high
photocurrents [139, 140]. Not surprisingly, understanding and controlling the
distribution of the donor-acceptor interface within the device is an actively
pursued strategy to improve the efficiency of the PV device.
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From the above discussion it is evident that the simplest device struc-
tures one might envision viz., a bilayer device (or planar heterojunction) of a
layer of donor and acceptor materials sandwiched between two electrodes, is
not expected to be very efficient as PV device [141, 61, 138]. Indeed, due to
the decay process mentioned above, only excitons generated within a layer of
∼ 10 nm from the D-A interface can contribute to generation of charge carri-
ers. Hence the active layer region in such bilayer devices is small compared to
the typical device thickness (which is of the order of 100-500 nm) [55, 142, 58].
Consequently, most organic PV efforts focus on bulk heterojunction devices
(BHJ) where interfaces between donor and acceptor material are distributed
throughout the device [55]. In such a case, achieving donor and acceptor
domains with a lengthscale of ∼ 10 nm would ensure that almost all photo-
generated excitons diffuse to interface and dissociate to form free charge carri-
ers (electrons and holes). This reasoning has motivated researchers to exploit
thermodynamic phase separation of two chemically incompatible components
has a potential route to achieve BHJ devices. The most common materials
that have been studied in this context are blends of conjugated polymer such
as poly(phenylenevinylene) (PPV) or poly(3-hexylthiophene) (P3HT) acting
as donors mixed with either fullerene derivatives like (6,6)-phenyl C61-butyric
acid methyl ester (PCBM) or inorganic materials like CdSe or titania acting
as electron acceptors [143, 57, 144, 145, 146]. In these materials, efficiencies
in the range 4 − 5% have been demonstrated — rendering them competitive
with silicon solar cells [55, 57].
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A potential issue with using donor-acceptor blends for the above appli-
cations is that the intermixing between the two components leads to macrophase
separation. In such a case, the domain sizes are larger and due to kinetic effects
may form “dead ends” and bottlenecks which prevent the transfer of charges to
appropriate electrodes. Consequently, it is harder to exercise complete control
over the resulting morphologies and domain sizes. Not surprisingly, a number
of physical parameters which modulate the kinetics of the phase separation
processes, such as the choice of casting solvent, has been shown to play an
important role on the efficiency of the resulting device [57]. Consequently,
there is a need for ordered heterojunctions where the lengthscale for phase
separation is controllable and smaller, and in which continuous pathways exist
for the charge carriers to reach the appropriate electrodes [58, 55].
Recently, semiconducting block copolymers have emerged as a promising
alternative which can avoid the shortcomings noted in the context of blends
[2, 58, 59, 60, 147, 148]. Most such block copolymers consist of a conjugated
polymer (donor) which is typically rod-like in conformation linked to a flexible
coil block. The flexible block is usually functionalized by electron accepting
moieties such as fullerene (C60) or oxadiazole molecules [2, 46]. Due to the
chemical incompatibility between the two blocks, the block copolymers mi-
crophase separate into equilibrium ordered heterojunction structures which can
potentially alleviate the kinetic issues noted in blends. Indeed, experiments
have shown that the donor-acceptor block copolymer may actually exhibit en-
hanced photovoltaic efficiency relative to a blend of its individual polymers
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[2, 59].
Success in the above efforts require a fundamental understanding of the
self-assembly morphologies in rod-coil block copolymers (under confinement
mimicking devices) and the correlations between the structure and the de-
vice properties. The morphological aspects of self-assembly of rod-coil block
copolymers has been studied extensively in a number of theoretical [8, 149, 150]
and experimental researches [79, 45, 7]. In our earlier work, we developed
a self-consistent field theory (SCFT) model for predicting the self-assembly
morphologies of rod-coil block copolymers [8]. We delineated a morphological
phase diagram within the context of two-dimensional phases which included
Smectic A and Smectic C lamellar phases and hockey puck-like cylindrical
phases. Subsequent experiments of Segalman and coworkers have examined the
phase diagram of rod-coil block copolymers systematically and have confirmed
many of the predictions of the theory. More recently, we have extended the
preceding framework to address the effect of confinement on the self-assembly
morphologies. In the latter work, we confirmed the existence of equilibrium
self-assembly morphologies similar to bulk systems, with an additional possi-
bility of the lamella phases being oriented either parallel or perpendicular to
the confining surfaces depending on the interaction of the different blocks with
the surfaces.
In this article, we seek to extend our above researches on morphology
predictions to address the property characteristics of PV devices consisting of
rod-coil block copolymers. For this purpose, we adapt a continuum formalism
156
termed the drift-diffusion model which characterizes the transport of excitons,
electrons and holes under photo-adsorption to render predictions regarding the
device characteristics. Such drift-diffusion models have been utilized in earlier
researches to study the photovoltaic properties of bilayer devices [61] and bulk
heterojunctions [62]. Most pertinent to this work, in a seminal work, Buxton
and Clarke used such a framework to study the device characteristics of thin
film morphologies of flexible block copolymers [58].
In this work, we extend the above works by focusing on following as-
pects:
(i) Incorporating features inherent to the semi-rigid or rod-like nature of
most of the donor molecules used in the experimental studies: Specifically, the
nature of charge transport in such semi-rigid conjugated polymers is expected
to be anisotropic [55, 151]. Indeed, experimental evidence exists to show
that the transfer of electronic excitation energy is predominantly intrachain
(along the length of polymer backbone) as compared to interchain (hopping
between different polymers) in extended conformations of conjugated polymers
[152, 153]. It has been also been observed that an increase in crystallinity
(concomitant with an increase in the orientational ordering of the chains)
of conjugated polymer P3HT chains leads to increase in photocurrent [154,
155]. Another set of experimental studies have shown that the hole mobility is
enhanced when polymer is infiltrated into titania nanopores due to alignment
of polymer chains in the charge transport direction [151]. In the context of thin
film field-effect transistors, Siringhaus et al. observed that mobility of charge
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carriers can vary by a factor of 100 depending on the nature of orientation of
P3HT crystalline lamellae inside the film [156]. Also, Kinder et al. observed
that intrachain hole mobility along polymer backbone was higher by a factor
of 6.5 than the perpendicular direction in thin film transistors [157]. Quantum
mechanical calculations have confirmed that while the charge transport in the
interchain direction due to π-π stacking of crystalline chains (of P3HT) can
contribute to charge transport, that this contribution is less dominant than
the one in the intrachain direction (along polymer backbone) [158].
Motivated by the above results, we extend the drift-diffusion models to
account for the possible anisotropy in mobility of holes and excitons. In the
formalism we adopt, we model this effect by rendering the mobility of holes
and excitons to be tensors whose values are determined by the average ori-
entational order parameter of the rodlike donor molecules. In this article we
demonstrate that the anisotropy effect can have dramatic consequences in de-
termining the PV device characteristics. We should note that our model is not
restricted to block copolymers, and in general accommodates the character-
istics of BHJ devices with a continuous spatial variation of the morphologies
and orientations of donor and acceptors and wherein the donor phases are
assumed to be characterized by anisotropic hole and exciton mobilities. In
fact, we consider several “simulated” morphologies to understand the physics
underlying the results for rod-coil block copolymers. We present the model
details and the relevant parameters in Section 6.2.1
(ii) In Section 6.3, we use morphologies generated from a SCFT model of
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rod-coil block copolymers under confinement to study their device characteris-
tics. While a description of SCFT model and a discussion of the morphological
phase diagram are presented in the previous chapter, the results in this sec-
tion demonstrate that the device characteristics of realistic systems employing
donor-acceptor materials of rod-coil block copolymers involve a complex in-
terplay of the several features including the orientation of domains, domain
widths, the degree of phase separation, and the orientation of rodlike domain
molecules in influencing the PV characteristics of the device. We utilize “arti-
ficially generated” morphologies with characteristics similar to those observed
in block copolymers to understand the effect of each individual factor listed
above and rationalize the results obtained for device modeling of confined thin
films of rod-coil block copolymer.
6.2 Drift-Diffusion Modeling of Device Char-
acteristics
6.2.1 Model
In this section, we present the formalism we use to study the device characteris-
tics of photovoltaic cells. The model we employ falls in the general category of
drift-diffusion models, which captures within a continuum reaction-diffusion
framework the generation of excitons, their dissociation into electrons and
holes, and the subsequent transport of electrons and holes to the electrodes.
Drift diffusion models yield the spatial variation of electric field and densities
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of electrons, holes and excitons [159, 137]. Below, we present our adaptation of
such a formalism to incorporate: (i) The anisotropic mobility of charge carriers;
and (ii) The morphologies resulting from SCFT calculations. Subsequently, we
discuss the numerical methods used to solve the resulting equations.
The drift-diffusion equations consists of the following equations govern-
ing the exciton (x), electron (n), hole (p) concentrations and the electrostatic




















∇ · Jp +D(E, x)−R(n, p), (6.3)
∇.(ε∇ψ) = −q(p− n). (6.4)
Equations 6.1 - 6.3 represent continuity equations for exciton, electron and
hole concentrations. Eq. 6.4 represents the Poisson’s equation relating the
electrostatic potential (ψ) to the local difference in concentrations of electrons
(n) and holes (p). Here, ε is the permittivity of the medium, and q denotes
the elementary charge.
In Eq. 6.1 first term represents the transport due to diffusion of ex-
citons with the mobility coefficient denoted as µx. The terms Rd(x), G(r)
and D(E, x) represent respectively the rates of decay, photogeneration and
dissociation of excitons. The functional forms for these rates are assumed to
be similar to those adopted in earlier works [58, 137, 61]. To maintain com-
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pleteness, we present a brief compendium of the relevant equations below. The
decay rate of excitons Rd(x) is assumed to be of the form, Rd(x) = x/τx, where
τx is the average lifetime of exciton chosen such that the diffusion length of
exciton is 10 nm. The term G(r) is assumed to be of the form:
G(r) = ΣiΦi(νi)αiexp [−αi(∆− y)] , (6.5)
Here Φi(νi) represents the frequency (νi) dependent incident photon flux [160].
The incident power is obtained by summing over the intensities at different
frequencies. This data corresponds to AM 1.5 Solar Insolation data having
a total irradiance of 83.18 mW cm−2. The frequency dependent absorption
coefficient (αi) is assumed to have a Gaussian distribution as a function of the
frequency, νi [137, 58]. The photogeneration of excitons have been assumed
to have an exponential dependence on the distance from the transparent top
electrode, (∆− y) [137, 58].
The dissociation of excitons D(E, x) is modeled through Onsager’s the-
ory of electrolyte dissociation: [161]
D(E, x) = xNf
∫ ∞
0
kD(E, a)F (a)da, (6.6)
where kD is the electric field dependent rate constant given by Braun: [162]



















KR = qµavg/ε (6.8)
b = q3|E|/8πεk2BT 2 (6.9)
where µavg is the averaged mobilities of electrons and holes at that point in
space. The dissociation rate is integrated over a Gaussian distribution of
separation distances (a), specified by F (a). The exciton binding energy is
denoted as Eb0.
The term R(n, p) reprsents the recombination rate of electrons and holes
which is assumed to bimolecular reaction described by a Langevin recombi-
nation term. Only a fraction (1/4) of electrons and holes are assumed to
recombine to form singlet excitons [163].
R(n, p) = q(µn + µp)pn/ε (6.10)
where µn and µp represent the isotropic mobilities of electron and holes re-
spectively.
In Eqs. (6.2) and Eq. (6.3), the first term represents the flux (current
density) of the charge carriers which are assumed to be of the form:
Jn = −qnµn · ∇ψ + kBTµn · ∇n, (6.11)
Jp = −qpµp · ∇ψ − kBTµp · ∇p. (6.12)
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In the above, the mobilities of electrons and holes are denoted by µn and µp
respectively. The above fluxes can be seen to consist of two contributions: a
diffusive flux arising from the concentration gradient and a drift term arising
from the influence of electric field (Since exciton is neutral, Eq. (6.1) does not
have a drift term). Prior researches which have used the above formalism have
assumed that the (electric-field dependent) mobilities µi(i = n, p) are isotropic






where µ0i is the zero field mobility and the field-dependent mobility parameter
is represented by γ.
To adapt the above formalism to the systems of interest in this article,
a few modifications are needed. On the one hand, the above equations need
to be recast in a form which accounts for the input spatial morphologies of
the donor acceptor system. The morphologies are characterized by the fields
which denote the volume fraction profiles of the donor and acceptor respec-
tively. Most polymeric systems are assumed to be incompressible, where the
constraint (φD(r) +φA(r) = 1) holds. In the systems of interest in this article,
the exciton undergoes dissociation at the donor-acceptor interface, where the
binding energy is reduced by the difference in electron affinities of the two
materials. To account for the latter feature, we model the effect of interface
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on Eb0 by modifying it as:
Eb = Eb0 − α|∇φA|∆χ. (6.14)
In the above, α is a phenomenological constant and ∆χ represents the dif-
ference in electron affinities of the two materials (In pure donor and acceptor
phases, the exciton binding energy is assumed to be unaffected). A second
feature relates to the issue discussed in the introduction that experimental
evidences point to the fact that the mobilities of holes and excitons not only
depend on the spatially varying density profiles and electric fields, but are also
expected to be anisotropic and in general to be different along the backbone of
the donors compared to perpendicular to it. To account for the latter feature,
we generalize the above function forms (Eq. (6.13)) to allow the mobilities
µx and µp to be anisotropic tensors which depend on the average state of
orientation of the rods. We further assume that the information regarding
the average state of orientation of the rods is available (as output of a mor-
phological model) and characterized by an orientational order parameter S(r)
[8, 10, 96].
To illustrate the above modifications, we explain how the hole mobility
is influenced by the density variations and orientational ordering of one of the







where µIp and µ
S
p denote the isotropic and anisotropic term respectively and I
denotes is the identity matrix. The magnitude of orientational order parameter
(S(r)) is equal to the maximum value of eigenvalue of the S(r) matrix at a
given point r. The coefficients µIp(r) and µ
S
p (r) (in the eq. (6.15)) are in turn






pD(E)φD(r) (j = I, S). (6.16)
Each of the above coefficients µjpA and µ
j
pD are assumed to be of the Poole-







where the “0” superscript indicates zero-field mobilities (Eq. (6.13)).
The above generalized drift-diffusion formalism allows us to account for
spatially varying morphologies and the anisotropy in charge transport within
an internally consistent framework for donor-acceptor mixtures characterized
by a continuous spatial variation of the morphologies of donor and acceptors,
with the donor phases assumed to be characterized by anisotropic hole and
exciton mobilities. We emphasize that the above model only requires as input
the volume fraction profiles and the orientational order parameter in the donor
phase and accommodates both donor-acceptor blends and block copolymers.
We believe that this is a significant improvement over previous models and al-
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lows us to account for the effects of orientation and (potentially) crystallization
of donors in prediction of photovoltaic properties. As noted in the introduc-
tion, Buxton and Clarke introduced a formalism for flexible block copolymers
which in many respects is similar except in not incorporating the effects of
anisotropic mobility [58]. Since not all equations were detailed in their article,
we are unable to present a detailed comparison of the functional forms they
used to modify their equations to account for compositional inhomogeneities.
The output of the above equations are the spatially varying electron,
hole, exciton densities, the fluxes of electrons, holes, and excitons, and the
electrostatic potentials. The photovoltaic response is measured in terms of
a current - voltage (J − V ) curve. The total current density (J) compris-
ing of both electron and hole current density is evaluated as a function of
applied voltage (V ) between the two electrodes. The quantities typically of
interest are: (i) The short circuit current (JSC) which is obtained at zero volt-
age condition and is the maximum current obtainable from the solar cell; (ii)
Open circuit voltage VOC is the condition where the output current is zero and
represents the maximum voltage obtainable from the solar cell. The photo-
voltaic efficiency (η) is dependent on the values of JSC and VOC . Explicitly,
η = FF×JSC×VOC/Pin, where FF represents fill factor (= Pmax/JSC×VOC),
and Pin represents input power. High values of JSC and VOC are desirable for
efficient solar cell devices.
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6.2.2 Non-Dimensionalization of Drift-Diffusion Equa-
tions
To render the drift-diffusion equations (Eq. (6.1)-(6.4))solvable, we need to
non-dimensionalize the equations [137]. The concentrations are scaled by
N , such that the spatial discretization is scaled by Debye length of ∆x =
(ε0kBT/q
2N)1/2 = 1 nm. This spatial discretization results in N = 1.438×1024
m−3. The electrostatic potential (ψ) is scaled by kBT/q and the zero-field
mobilities are scaled by µmax = 1 × 10−8 m2V−1s−1. Based on scaling anal-
ysis for any of the continuity equations, the timescale is automatically set as
∆t = ∆x2q/µmaxkBT = ε0/qNµmax = 3.895 ns. The drift-diffusion equations
are now written in a scaled form -
∂x
∂t






= ∇ · Jn,+AD(E, x)−R(n, p) (6.19)
∂p
∂t
= −∇ · Jp + AD(E, x)−R(n, p), (6.20)
∇.(εr∇ψ) = −(p− n). (6.21)
where A is a scaling constant (A = ε0/qN
2µmax).
6.2.3 Boundary Conditions and Numerical Details
The above equations are supplemented by boundary conditions for charges at
the electrodes. We adopt the thermionic injection and recombination model
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used in previous researches in this context [61, 164, 165]. Below the open
circuit voltage (VOC), electrons flow towards cathode and holes flow towards
anode leading to next extraction of charges. Above VOC , there is net injection
of electrons at cathode and holes at anode. At VOC , the injection of charges
and recombination (extraction) will be exactly balanced leading to zero elec-
tric field. The following equations (in non-dimensional form) represent the




where i represents electrons (n) or holes (p), and k stands for either cathode
(cat) or anode (an). We present the following equations for the four sets of
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(6.26)
In the above equations, φcabi and φ
an
bi represent the barrier height for
ith charge (i = n, p) at cathode and anode respectively. N0 and P0 are the
densities of chargeable sites in the organic material. pa and pc are the densities
of holes at anode and cathode respectively. na and nc are the densities of
electrons at anode and cathode respectively. In the above equations, the non-
dimensional values of mobilities and densities is utilized. The expressions for
remaining parameters and constants (expressed in non-dimensional terms) is
given below. The origin of these terms can be found in more detail in the
article by Lacic and Inganas [166].
B = 16πε0εrkBT × 10−9 (6.27)
The Coulomb radius (rc) is the distance between electron and hole where the
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Coulombic binding energy exceeds kBT ,
rc = q
2/4πε0εrkBT (6.28)






f = qErc/kBT (6.30)
The drift-diffusion equations are numerically discretized using Scharfetter-
Gummel scheme [167]. Conjugate gradient method is used to evolve the Pois-
son’s equation while Crank-Nicholson method is used to obtain electron, hole
and exciton densities at each new time step [93].
6.2.4 Parameters
The model detailed in the previous section involves a number of parameters.
In this work, we fixed most of the device parameters and mainly focus on the
interplay of the morphologies and anisotropic mobilities on the photovoltaic
behavior. Most of the following parameters have been taken from the paper of
Buxton and Clarke [58]. The zero field mobilities of electron in acceptor and
donor regions are taken to be 1×10−8m2V−1s−1 and 1×10−11m2V−1s−1, respec-
tively (µ0nA and µ
0
nD). The zero field mobilities of holes in the donor and accep-
tor regions are taken to be 1×10−8m2V−1s−1 and 1×10−11m2V−1s−1, respec-
tively (µ0pD and µ
0
pA). The exciton mobility, µx is fixed at 3.86×10−9m2V−1s−1,
and has a lifetime, τx of 1µs. The field dependent mobility parameter is taken
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to be γ = 5×10−4m1/2V−1/2 (Eq. (6.13)). The exciton binding energy is taken
to be 0.5eV and the Schottky barrier height for injection of charge carriers is
taken to be 0.5eV. The built in voltage is assumed to be 0.5V [58]. The spatial
discretization used is 1 nm. The value of relative permittivity is chosen to be
uniform throughout the device as, εr = 3.4. The phenomenological parameter
α is taken to be 2× 10−18 m2. The densities of chargeable sites are, N0 = 378
and P0 = 128 in non-dimensional units [166].
6.2.5 SCFT Model For Donor-Acceptor Morphologies
To model the self-assembly of confined rod-coil block copolymers, we use the
model of Pryamitsyn and Ganesan [8] which utilizes self-consistent field the-
ory (SCFT) to model the self-assembly of rod-coil block copolymers in the
bulk. Along lines similar to the earlier work on flexible block copolymers, [16]
we extended the model to incorporate the effects of confinement and surface
interactions upon self-assembly along the similar lines of Matsen.
Briefly, the key ingredients utilized in our SCFT model are the Flory-
Huggins interactions to model the repulsive interactions between the rod and
coil block, Gaussian stretching energy for the coil block, and Maier Saupe
potential to describe the orientational ordering between liquid crystalline rod
molecules. The phase diagram in thin-films of rod-coil block copolymers is
affected by volume fraction of one of the blocks (f), the Flory-Huggins inter-
actions parameter (χN), the Maier Saupe parameter (ωN), the size asymmetry
ratio β, and the surface interactions [45, 7, 125, 8, 168]. We utilize this model
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to obtain the densities and orientational order parameter (φA(r), φD(r), and
S(r)) which are utilized as input to our photovoltaic model. All the length-
scales in the SCFT model are normalized by radius of gyration of the coil
block, Rg. For using these morphologies in our photovoltaic model, we use a
conversion factor of Rg = 3.33 nm.
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Figure 6.1: (a) Density profiles for donor and acceptor phases for parallel
lamellae, and perpendicular lamellae. The coil block is shown in red and the
rod block is shown in the blue phase. The parameters are: χN = 10, f = 0.40,
ωN = 30, and β = 6. (b) J-V curves for the above phases. The units are Am−2
for current density (J), and Volts for voltage (V ).
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6.3 Results and Discussion
6.3.1 Influence of the morphology of self-assembly upon
device characteristics
In Fig. 6.1(a), we display two representative morphologies arising from the
self-assembly of rod-coil block copolymers in confined situations. These are
lamellar morphologies which are oriented parallel and perpendicular to the
confining surfaces. The molecular parameters (χN , ωN , f , and β) for both
parallel and perpendicular lamellae were kept the same. However, for the case
of perpendicular lamellae the confining surfaces had no preferential interactions
with either of the polymers. In contrast, the parallel morphology was achieved
for the case when the anode surface was assumed to prefer the rod (donor)
phase, whereas, the coil (acceptor) was favored at the cathode. In both the
parallel and the perpendicular morphologies, the conditions were such that
the rods were aligned perpendicular to the interface between rods and coils
(Smectic A morphology).
From the Fig. 6.1(b), it is evident that the device having perpendicu-
lar lamellae (η = 0.75%) exhibits better performance than parallel lamellar
morphology (η = 0.16%) . Indeed, the perpendicular lamella phase benefits
from several factors that are key for better performance of polymer solar cell
devices. On the one hand, direct pathways exist for both electrons and holes
to reach the respective electrodes. Moreover, since the rods are aligned per-
pendicular to the lamellar interface the excitons are able to reach the D-A
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interface easily because of the preference for transport of holes along the back-
bone of the donors. In contrast, the device possessing parallel lamellae benefits
only from the donor-acceptor microphase separation and the fact that rods are
aligned perpendicular to the surface of electrodes. The latter furnishes higher
charge transport rates for holes to travel to the electrodes. However, the ma-
jor disadvantage of parallel lamellae is that the layers of donors (rod phase)
act as blocking layers for electrons and viceversa. Therefore in parallel lamel-
lae, the donor-acceptor interfaces closer to the electrodes contribute towards
charge generation and photocurrent, whereas the charges generated at other
interfaces are mostly blocked by the alternating donor-acceptor lamellaes.
In general by carefully tuning the surface interactions and/or by apply-
ing external fields, it is possible to align the layers of block copolymers to be
oriented parallel or perpendicular to the electrode interfaces. This raises the
question, “in general, what is the role of the influence of orientation of the
domains (relative to the electrodes) in influencing the device PV character-
istics?” We note that in the example considered above, these considerations
were complicated by the occurrence of multiple domains (which act as block-
ing layers) and the presence of anisotropic charge transport. Of interest is
the specific influence of the orientation of the lamellae upon the PV device
characteristics.
To study the effect of domain orientation on photovoltaic properties, we
considered two model morphologies. In Fig. 6.2 (a), we show the schematics
of parallel and perpendicular bilayer devices considered. To isolate the effects
175
(a)













Figure 6.2: (a) Schematics for parallel and perpendicular bilayer morphology.
The red phase is the acceptor layer and blue layer is the donor phase. (b)
Effect of domain orientation on the J-V response. The units are Am−2 for
current density (J), and Volts for voltage (V ). (c) Electron density (n) for
parallel and perpendicular bilayer morphology. V = 0.45V , ∆ = 100nm.
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arising just from the orientation of the bilayers, we switch off the effects arising
from the anisotropic mobilities (equivalently, we set µR = 0 in Eq. (6.17)). In
Fig. 6.2b, we display the J-V curves for the two cases illustrated in Fig. 6.2
(a). It is seen from the results that even for the case of a single donor-acceptor
interface, having domains oriented perpendicular to the electrodes exhibits
better performance relative to the parallel domains. Moreover, the reasoning
discussed above is confirmed in the results for electron densities for parallel and
perpendicular bilayers plotted in Fig. 6.2. We observe in Fig. 6.2(c) that there
is a continuous generation of electrons (and equivalently holes) throughout
the device in perpendicular domain orientation. Since more excitons can dis-
sociate throughout the device and charges are generated throughout between
the electrodes such a configuration leads to higher short-circuit current (JSC).
In contrast, only excitons generated within the exciton diffusion lengthscale
of the interface are seen to diffuse to result in production of electrons. Con-
sequently, only a small fraction of photons gets converted to charge carriers.
With this reasoning, it is also evident that the efficacy of the parallel bilayer
device would increase upon decreasing the thickness of the PV device.
We note that other “non-layered” self-assembly morphologies are also
possible in confined rod-coil block copolymers [45, 8]. Fig. 6.3 displays one
such case termed the puck phase (η = 0.31%) and compares its device char-
acteristics to the parallel and perpendicular lamellar phases. The puck phase
morphology is achieved in rod-coil block copolymers at high volume fractions

















Figure 6.3: (a) Density profiles for donor and acceptor phases for puck phases.
The parameters are χN = 16, f = 06., ωN = 64, and β = 10. (b) J-V curve
for puck morphology compared with J-V curves for parallel and perpendicular
morphology. It is quite evident that having straight nanostructured lamellar
like morphologies between the two electrodes greatly improves the photovoltaic
short-circuit current. The units are Am−2 for current density (J), and Volts
for voltage (V ).
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the earlier-discussed lamellar morphologies it is seen that the puck phases
exhibit performance intermediate to parallel and perpendicular lamellae. In-
deed, while puck phases offer the advantage of high interfacial area between
rods and coil blocks, they suffer from the absence of continuous pathways for
holes to reach the anodes. While the former facilitates exciton dissociation
and leads to higher production of free charges, the latter hinders hole trans-
port. Another interesting thing to note is that whereas J-V curves for the
lamellae are convex shaped, the J-V response for the puck phase morphology
has a concave shape. This arises due to the presence of the acceptor phase
at the anode which results in a buildup of electron charge at the wrong elec-
trode. Such charge accumulation at organic layer-electrode interface has been
documented to result in concave shaped J-V curve [169, 170]. Recently it has
been shown in experiments in the context of rod-coil block copolymer solar
cells that cylindrical nanostructures are aligned parallel to the surface [171]
were less efficient relative to other morphologies. Our results are consistent
with these observations.
In summary, our analysis suggests that for efficient charge transport and
efficiencies, the donor and acceptor phases should have continuous nanochan-
nels between the two electrodes. For the same reason, lamellar morphologies
observed in rod-coil block copolymers exhibit more desirable characteristics
than the non-lamellar morphologies dispersed phases like puck phases.
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Block Copolymer MicrophaseBlend Phase
Figure 6.4: Representative density profiles for blend and block copolymer mor-
phologies obtained from SCFT simulations. The domain size in block copoly-
mers are much smaller than the blend morphologies. The blend morphology
is obtained by simulating a blend of rod polymers and solvent in SCFT frame-
work. It is easily observed that the domain sizes in block copolymers are much
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Figure 6.5: Effect of domain spacing for rod-coil block copolymers on the
short-circuit current.
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6.3.2 Effect of Domain Sizes
Donor-acceptor block copolymers offer unique advantages in the ability to
control the domain sizes resulting from self-assembly. Indeed, this is most
easily accomplished by either using longer block copolymers and/or mixing
with a third component. In contrast, the domain sizes achieved in donor-
acceptor blends tend to be much larger, and usually controlled by the kinetics
of the phase separation process (Fig. 6.4)). These considerations motivate
the question, “What is the influence of the domain sizes upon the PV device
characteristics?” Specifically, of interest is whether there is an “optimum”
domain size for achieving the best PV device characteristics.
At the outset, we address the above issue in the context of morpholo-
gies of rod-coil block copolymers. One possible means to modulate the domain
sizes in rod-coil block copolymers is to vary the size asymmetry ratio β. β is a
nondimensional parameter quantifying the length of the rod unit, and in the
case of Smectic A morphology, the domain width in rod-coil block copolymer is
directly proportional to the value of β [8]. In Fig. 6.5, we plot |JSC | as a func-
tion of the β parameter. To isolate the effects arising from the domain widths,
the displayed device characteristics were computed within the framework of
the isotropic transport model (µR = 0). We observe that the short circuit cur-
rent correlates inversely with the length of the donor units and the thickness of
the domains. Smaller rod units facilitate more interfaces between the rod and
coil phases, and in turn leads to enhanced production of electrons and holes.
The overall behavior is governed by higher exciton dissociation due to presence
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of more number of interfaces. In the perpendicularly oriented lamellae, these
charge carriers have direct access to the electrodes and therefore enhance the
overall efficiency of the PV device.
It is however evident that the above trend cannot continue indefinitely
to very small domain spacing. Indeed, at smaller domain widths, the recom-
bination of electrons and holes are expected to become relevant and result
in lower efficiencies. Unfortunately, due to numerical limitations, within the
context of our SCFT model for rod-coil block copolymers, we were unable to
achieve domain sizes smaller than those in the results displayed in Fig. 6.5.
As an alternative, we considered “artificial” morphologies with prescribed do-
main widths to explore the interplay between recombination rates and domain
widths. A schematic of such perpendicular multilayer morphology is shown in
Fig. 6.6(a). In Fig. 6.6 (b), we display JSC as a function of domain width ob-
tained by varying the number of layers in the morphology shown in Fig. 6.6(a).
Also, we monitor the effect of varying domain widths at different values of ex-
citon lifetimes (τx). For the lowest value of τx, we observe that the plot is
very similar to the one obtained for rod-coil block copolymers (Refer Fig. 6.5),
where the value of JSC reduces with increasing domain width. However, for
higher values of τx we observe that there is an optimal width required for
highest photocurrent. It is evident that the observed behavior results from an
increase in the recombination probability which competes with the enhanced
exciton generation and dissociation due to reduced domain width. At smaller




















Figure 6.6: (a) Schematic of perpendicular multilayer morphology. (b) Effect
of domain spacing for different exciton lifetimes. There exists an optimal
domain width which produces the maximum JSC .
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there is a higher propensity for them to recombine. Increasing the value of
exciton lifetime (τx) changes the exciton diffusion lengthscale (lD ∼
√
τx). For
higher τx, the excitons can travel farther without decaying. Therefore increas-
ing the value of exciton diffusion lengthscale will result in increasing the value
of optimal domain width.
In summary, exciton dissociation competes with charge recombination
to decide the optimal domain width required for efficient devices. We note
that these results are consistent with Monte Carlo simulations that an opti-
mal range of phase separation is needed for efficient device due to competition
between the exciton dissociation and efficient charge separation [139]. It was
also observed that optimal domain width increased upon increasing the ex-
citon lifetime [139]. Our results qualitatively matched with the Monte Carlo
simulation results on study of existence of optimal domain width arising from
competition between exciton dissociation and charge recombination.
6.3.3 Effect of Chemical Incompatibility and Degree of
Phase Separation
The chemical incompatibility between the donor and acceptor phases is an-
other design parameter which can be modulated by choosing alternative com-
binations of donors and acceptors. Chemical incompatibility in turn deter-
mines features such as the degree of phase separation, the domain size, and
also governs the nature of interfacial widths between the donor and accep-
tor. In our model, the chemical incompatibility between the two blocks of the
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block copolymer is embodied through the Flory-Huggins interaction param-
eter (χN). In this section, we present results for the device characteristics
for different χN . To maintain the focus on the issue of interest, we use the
isotropic transport version of our model.
In Fig, 6.7, we display the J-V curves for different values of χN . It is
evident that increasing the value of Flory-Huggins parameter leads to an im-
provement in photovoltaic response. A jump in photocurrent is observed when
the block copolymer undergoes microphase separation (cf. morphologies dis-
played in Fig. 6.7(a)). Increasing χN further is seen to enhance the efficiency
of the PV device as seen in Fig. 6.7(b) These results can be rationalized based
on two effects evident in the density profiles for different χNs. Higher χN is
seen to correlate to purer donor and acceptor phases which results in improved
transport properties for holes in the donor (rod) phase and electrons in the
acceptor (coil) phase. A second effect evident is that increasing the chemi-
cal incompatibility results in a reduction of the interfacial width. We show
in Fig. 6.7 (c) that for rod-coil block copolymer morphologies, the interfacial
width (ξ) reduces with increase in degree of phase separation (χN). As we
can observe from one dimensional rod density profiles plotted in Fig. 6.7 (a),
the interface is thinner for higher χN (=20) than lower χN (=12). Smaller
interfacial widths facilitates better charge separation by reducing the recom-
bination probability. Together these effects are expected to result in better
overall transport and device characteristics with increasing chemical incom-
patibility.
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The above results are seen to involve the synergistic action of two dis-
tinct features. To further test our hypothesis specific to the correlation between
the photovoltaic properties and the interfacial width, we utilized a perpendic-
ular bilayer morphology (depicted in Fig. 6.2 (a)) and vary the interfacial
width of the donor-acceptor interface. The variation of JSC as a function of
the interfacial width for this simulated morphology is displayed in Fig. 6.7
(d), and confirms that reducing interfacial width indeed improves the photo-
voltaic properties. It has been observed in experiments that solvents leading
to better phase separation yield higher short circuit current and hence higher
photovoltaic efficiencies [57]. Our results quantifies and confirms these obser-
vations.
6.3.4 Influence of anisotropic charge transport charac-
teristics
In self-assembled rod-coil block copolymers, the rods can in general be ori-
ented at an angle to the donor-acceptor interface (Smectic C phases and puck
phases). An outstanding question is “Within the context of the proposed
anisotropic transport model, what is the interplay between the morphology
of self-assembly and the orientation of the rod molecules in influencing the
PV device characteristics?” We note that in our SCFT model for rod-coil
block copolymers, the propensity for orientational ordering arises through a
Maier-Saupe orientational interaction term whose strength is quantified by
































































Figure 6.7: (a) 1D rod density profiles for χN = 8, χN = 12, and χN = 20.
These are generated by considering a slice of perpendicular lamellar morphol-
ogy. Well microphase separated lamellaes are observed for higher χN value.
(b) J-V curves for different values of phase separation characterized by χN .
The units are Am−2 for current density (J), and Volts for voltage (V ). (c)
The relationship between interfacial width (ξ) in non-dimensional units and



















































Figure 6.8: One dimensional density profiles of orientational order parameter
(S(r)), and rod density (φR(r)) for three values of ωN - (a) 15, (b) 40, and
(c) 100.
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ented lamellar morphologies generated with three different values of ωN . In
Fig. 6.8, we plot orientational order parameter (S(r)), and rod density (φR(r))
for three values of ωN : 15, 40 and 100. (Value of ωN ≈ 15 corresponds to


















Figure 6.9: Effect of anisotropic mobility and orientational ordering on pho-
tocurrent. For well aligned rods, there exists an optimum value of µR which
results in highest short-circuit current.
In Fig. 6.9, we plot the variation of absolute value of short circuit current
(JSC) as a function of µR for the three situations depicted in Fig. 6.8. Near
the isotropic-smectic transition (ωN ≈ 15, S ≈ 0.6), the photovoltaic current
is seen to increase with increasing anisotropy in the mobility of charge carriers
and becomes constant for higher values of µR. On the other hand, for higher
values of Maier-Saupe parameter (where nematic order parameter S > 0.9),
the JSC exhibits an optimal value of anisotropy (measured by µR) for which
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the photovoltaic current is maximum.
To rationalize the above results, we note that in perpendicular lamellae
the rods are aligned parallel to the confining surfaces. Increasing µR increases
the mobility along the polymer backbone (intrachain) and reduce the mobility
along the interchain direction (refer Eq. (6.15)). As the mobility of holes and
excitons is rendered more anisotropic, the rate of excitons traveling to interface
and the subsequent charge separation improves. This is reflected in the larger
efficiencies noted for morphologies with better orientational ordering (ωN =
40, 100). However, the preceding effects are concomitantly accompanied by a
reduction in the transport of holes to the anode (in the interchain direction).
The non-monotonic trends observed in Fig. 6.9 can be rationalized as arising
from an interplay of these two competing factors. At large µR, the interchain
transport to the anode becomes the rate limiting step, leading to a lowering
of the efficiency. It is evident that the competition between the transport in
the parallel and perpendicular directions should depend on the magnitudes
of both µR and S (cf. eq. (6.15)). Not surprisingly, in morphologies with
pronounced orientational ordering, the optimal µR occurs at a smaller value
relative to morphologies which are less ordered.
In Fig. 6.10, we consider the effect of interplay of anisotropy and thick-
ness of the device on the short circuit current. We consider the case where the
rods exhibit strong orientational ordering (ωN = 40). We plot the value of
short circuit current normalized by value of JSC at zero anisotropy (µR = 0)



















Figure 6.10: Effect of anisotropic mobility on photocurrent for two different
thickness, 80 nm and 120 nm. The short circuit current is much higher in
the thinner films. Also, the anisotropy effect is more pronounced for thinner
devices. ωN = 40.
current is much higher for thinner device (80 nm) as compared to the thicker
device (120 nm) for all values of µR considered. This is because in a thin-
ner film charges need to travel smaller distances to reach the electrodes. From
Fig. 6.10, we see that the effect of anisotropy on JSC is similar for both the film
thicknesses. However, the effect of anisotropic charge transport is higher for
thinner films as compared to thicker ones. The 80 nm device exhibits almost
a five fold increase in short circuit current at the optimal value of anisotropy
(µR = 0.67). The relatively smaller effect of anisotropic charge transport on
photocurrent for higher film thickness can be rationalized by noting that the
charge transport in larger films are dictated mainly by the thickness of the film.
The increase of transport along intrachain direction and the decrease along the
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interchain transport is relatively insignificant compared to the larger distance
charges have to travel for a thicker film. Hence for optimal performance, a
smaller device would be more appropriate.
We now discuss the interplay of domain size effects with the anisotropic
transport of charges and excitons. For this, we considered the same morpholo-
gies used to generate Fig. 6.5, but computed the device curves with µR = 0.67
(for comparison, we also display the isotropic case, µR = 0). Increasing the
degree of anisotropy in charge and exciton transport is seen to improve the
photovoltaic response compared to the case where the charge transport was
assumed to be isotropic. Interestingly, we observe that for µR = 0.67, there
is a optimal domain width for which the short circuit current is maximum.
This contrasts with the situation for µR = 0 where the short circuit current
continuously increased upto the smallest domain sizes we probed.
As discussed in an earlier section (Sec. 6.3.1), the occurrence of an
optimal domain width reflects an interplay between exciton dissociation and
recombination. The results depicted in Fig. 6.5 reflect an increasing impor-
tance for recombination with increased anisotropy in charge transport. This
is quantitatively illustrated in Fig. 6.11 (b), where we plot the variation of
spatially averaged exciton dissociation rates and spatially averaged recombi-
nation rates for different values of β and for two values of µR. We clearly see
that increasing the anisotropy in charge transport increases the recombination
rate. If the domains are smaller and interfaces are close enough, there is an
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Figure 6.11: (a) Effect of domain spacing for rod-coil block copolymers on
the short-circuit current. The variation of |JSC | as a function of domain size
is different for isotropic and anisotropic charge transport. The units of JSC
is Am−2. (b) The reduction in short circuit current is due to an increased
recombination rate. The numbers on y-axis should be multiplied by 1026, and
units are m−3s−1.
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electrons to undergo recombination. This competition between higher exciton
dissociation and recombination leads to a peak in JSC at an optimal domain
size in perpendicular lamellaes of rod-coil block copolymers.
6.4 Summary and Outlook
In this research, we developed a model to understand the photovoltaic proper-
ties for polymer devices which consider as input the density and orientational
ordering in donor and acceptor phases. This model improves upon the pre-
vious work by taking into account the anisotropic nature of charge transport
in conjugated polymers. Our study focusses on self-assembly in rod-coil block
copolymers as means to achieve desirable values of photovoltaic efficiency.
Rod-coil block copolymers derive their advantages from their ability to form
microphase separated morphologies and the capability for the rodlike units to
be orientationally ordered. The perpendicularly oriented lamellar morphology
was shown to be the most desirable morphology for obtaining high values of
photocurrent. Also, the other factors that can improve the photovoltaic effi-
ciency were a stronger degree of chemical incompatibility between the donor
and acceptor units, and higher value of orientational order parameter. Such
conditions lead to a well segregated microphase structure of rod-coil block
copolymers having perfectly aligned rod molecules. Within these morpholo-
gies we demonstrated that an optimal domain spacing and optimal degree of
anisotropy leads to the highest efficiencies.
Our model can be utilized to study other systems being considered for
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polymer solar cell devices like blends of conjugated molecules with fullerene
derivatives [55, 57]. Our model provides the framework to calculate pho-
tovoltaic behavior (J-V curve) once the density of species and orientational
ordering of conjugated molecules are known. Our future studies will address




In this thesis, we have developed coarse grained models in the framework of
self-consistent field theory (SCFT) to understand the self-assembly of block
copolymers which have one “non-flexible” component, such as a rigid poly-
mer (rod-coil block copolymer) or semiflexible unit (semicrystalline multiblock
copolymers). These models can be extended and developed further to study
other interesting systems. Our model for semicrystalline block copolymer
only accounts for one dimensional lamellar morphologies of block copolymers.
There is lot of interest in understanding the phase behavior of semicrystalline
block copolymers where the microphase is not lamellar [12, 13, 33]. It will
be interesting to see the effect of chain stiffness of one of the blocks on cylin-
drical and spherical microphases. Our model for flexible-semiflexible block
copolymer can be extended to two and three dimensions in order to answer
some of the questions related to interplay of block copolymer and chain orien-
tational ordering in determining structure development of such polymers. In
non-lamellar morphologies, it has been suggested that interblock segregation is
enough to confine crystallization with the microdomains.[33]. The competition
between interblock segregation (measured by χN) and orientational ordering
196
(measured by λ and µN) will ultimately decide the final morphology. To solve
the modified diffusion equation for semiflexible chain (as a model to semicrys-
talline chain), the real space approach adopted in this thesis (Chapter. 4) will
be computationally exorbitant. Alternate techniques such as pseudo-spectral
method proposed by Fredrickson [17] should be utilized to solve diffusion equa-
tion for wormlike chains in more than one dimensions. We evaluated bridging
fractions for semicrystalline multiblock copolymer under the assumption of
lamellar morphologies only. Once the SCFT model is extended to 2 and 3
dimensions, it will enable us to study the effect of morphology on bridging
fractions.
One of the most important contributions of this thesis is to develop a
theoretical framework to obtain photovoltaic properties dependent upon the
phase separation of donor and acceptor phases and the orientational ordering of
the semiconducting optically active rigid donor molecules (Refer Chapter. 6).
We applied this methodology in drift-diffusion framework [159] for devices
based on complex self assembly in semiconducting rod-coil block copolymers.
Although our results were more relevant for block copolymer phase separation,
the photovoltaic model in general can be adopted to obtain efficiencies for any
blend or block copolymer exhibiting phase separation and orientational order-
ing in one or both the phases. Some of the other systems relevant for organic
electronics applications which display similar characteristics as the above ex-
ample are blend of semiconducting chain (e.g P3HT) and fullerene molecules
[57], block copolymers and inorganic nanorods (e.g CdSe nanocrystals), and
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semiconducting donor chains blended with inorganic anisotropic nanocrystals
(e.g TiO2) [55, 146]. The study of photovoltaic properties in such systems will
entail a two step approach. First, a mechanism to predict equilibrium mor-
phologies in such systems need to be developed. Second, our continuum model
to evaluate photovoltaic properties needs can be utilized in order to optimize
the morphology development in these new systems.
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